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Design of next-generation high strength metallic materials for damage-resistant
applications relies on a fundamental understanding of the deformation mechanisms and failure
behavior of these materials under dynamic loading conditions. The dynamic strength of metals is
typically characterized based on the “spall strength” defined as the peak tensile pressure the metal
can withstand prior to failure. For pure FCC metals, the capability to increase the spall strength is
limited due to insufficient microstructural features (grain boundaries, dislocations, twinning, etc.)
that can be used to tailor/modify the deformation and failure behavior under dynamic loading
conditions. The current understanding of the role of grain boundaries and deformation twinning in
BCC metals, however, is still in its infancy. Another promising strategy to design high strength
microstructures is the engineering of nanoscale interfaces in alloy microstructures that may alter
the nucleation and evolution of defects/damage. Such strategies have been successfully
demonstrated experimentally in FCC/BCC alloy microstructures.
A critical challenge in engineering these microstructures, however, is the lack of
understanding on the role of microstructure on deformation and failure mechanisms in BCC metals,
as well as the role of nanoscale bi-metal interfaces on the spall failure behavior of alloy
microstructures. Such an understanding is particularly challenging using experimental techniques
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due to the short time and length scales of the processes of nucleation and evolution of
defects/damage. Therefore, the goal of this dissertation is to carry out a systematic study using
classical molecular dynamics (MD) simulations to investigate the role of structure and energies of
grain boundaries in BCC microstructures as well as the structure, size and distribution of
FCC/BCC interfaces on the twinning/de-twinning behavior as well as the damage nucleation (void
nucleation and growth) behavior under shock loading conditions. Six Objectives are used to
achieve this goal, adopting Ta as a model BCC system and the Cu/Ta as model FCC/BCC alloy.
The study first investigates the spall behavior of single-crystal Cu and Ta system, in order
to understand the links between loading orientations and the evolution of defects (dislocations,
twinning) and damage (voids), and the resulting spall strengths for a given loading condition. This
is followed by utilizing model bi-crystal microstructures to investigate the role of structure and
energies of grain boundaries in Ta microstructures on the twinning/de-twinning behavior during
various stages of shock loading (shock compression, release, and triaxial expansion) and on the
mechanisms of void nucleation. The study then investigates the modification in the deformation
behavior of nanocrystalline Cu microstructures due to the distribution of Ta as solid solution, as
nano-clusters and as grains in nanocrystalline Cu/Ta alloys. Finally, the role of Cu/Ta interfaces
is further investigated using model multilayer microstructures, in order to investigate the role of
structure and spacing of interfaces on the shock compression behavior, deformation twinning/detwinning behavior in Ta layers as well as the void nucleation behavior during spall failure. The
dissertation also investigates the correlations between the structure and energy of interfaces, as
well as the density of dislocations and the predicted values of spall strengths in the alloy
microstructures. Such understanding will enable to identify key microstructural descriptors of the
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interfaces that determine the spall strength, and aid in the design of nanocrystalline Ta and Cu/Ta
microstructures with enhanced spall strengths for damage-tolerant applications.
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CHAPTER ONE

INTRODUCTION
1.1

Metallic Microstructures under Extreme Environments
The design of microstructures for defense-related applications (armors, shape charges, etc.)

requires a fundamental understanding of the capability of a microstructure to perform and survive
under dynamic loading conditions (impact, shock, high strain rates, etc.). A critical design
parameter is the capability of the microstructure to nucleate defects and resist damage (voids)
nucleation to initiate failure. In recent years the ability to synthesize bulk nanocrystalline metals
has led to their emergence as a potential class of damage-tolerant structural materials, in part due
to their array of impressive mechanical properties, such as high strength, stiffness, and wear
resistance [1-5]. The unusually high mechanical strength of these nanocrystalline metals comes
mostly from the presence of a large fraction of grain boundaries and triple junctions that render
grain-boundary mediated plasticity at reduced grain size (grain size < 100 nm) as compared to
dislocation-mediated plasticity at the coarser grain sizes [6-8]. One of the main limitations of bulk
nanocrystalline metals, however, is the rapid grain coarsening at elevated temperatures, which is
often necessary for consolidating bulk specimens via severe plastic deformation routes such as
mechanical alloying [9]. This response to elevated temperatures limits their application as
structural materials subjected to extreme environments such as shock loading conditions, where
substantial heat is generated within the specimen. Consequently, an emerging area of research
focuses on the use of alloying elements to pin and stabilize the grain boundaries, thereby enhancing
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the thermal stability of these nanocrystalline metals [10, 11]. A few successful examples for
nanocrystalline Cu systems are demonstrated with the addition of Fe [12], Ag [13, 14], Bi [15], W
[16], Sb [17], Zr [18], etc. as solute species. Adding these solutes has resulted in various degrees
of improvement in microstructural stability and mechanical strength at elevated temperatures.
The above solute-strengthened alloy systems, with a distribution of phases, render a
distribution of interfaces in the microstructure that can alter and tailor the deformation and failure
response of the individual phases and therefore show promise in the design of damage-tolerant
microstructures. The capability to optimize these microstructures, therefore, relies on a
fundamental understanding of the role of atomic scale structure, size and distribution of interfaces
in the microstructure on the dynamic response of these materials.

1.2

Experimental Studies of Spall Failure of Metallic Materials
Experimentally, various techniques are utilized to generate high strain rate deformation of

materials. Figure 1.1 shows three common techniques: (a) explosive detonation, (b) gas-gun driven
flyer plate impact, and (c) laser-induced shock. In explosive detonation setup, application of
explosives to the material generate a shock wave that impacts the material normal to the surface,
as shown in Figure 1.1(a). Such setup generates an impact velocity up to 2 km/s for a duration of
a few μs. A gas-gun setup typically uses compressed gas in a high-pressure tank to accelerate a
flyer-plate to impact the target, as shown in Figure 1.1(b). The use of multiple-stage gas gun could
accelerate the flyer to a few km/s, with a duration of 0.1 - 1μs. These two techniques typically
require large samples, wherein only a small portion is used for post-mortem analysis. In addition,
the shock pressure achievable is usually limited to a few of tens of GPa. The strain rate achieved
with these two techniques typically ranges from 104 s-1 to 106 s-1.
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(a)

(b)

(c)
Figure 1.1: Experimental setup for generating shock loading of the material via: (a) direct
explosive detonation, (b) gas-gun experiment, (c) laser-induced shock. Reproduced from Ref. [19],
[20], [21].
Such limitations are overcome by the more recent laser-induced shock technique, as shown
in Figure 1.1(c). In laser shock, lasers can either be used to directly irradiate the surface of the
sample, or used to generate a ‘plasma piston’ to compress the sample, or used to accelerate a flyer
foil [22]. Laser shock can be applied to miniature samples a few mm in dimension, and a highenergy laser could generate a much smaller shock pulse of 100 ps – 10 ns, and a shock pressure
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up to hundreds of GPa. Therefore, the strain rate with laser shock could reach up to 1010 s-1, much
higher than that achievable with the other two techniques [23].

(a)

(b)

(c)

(d)

Figure 1.2: Schematic showing different stages of a plate impact shock experiment. The red bin
in (a) represents the flyer plate that is driven inward, red lines indicate compressive wave and blue
lines indicate tensile wave. The failure of the microstructure is indicated by separation of the
spalled region in (d), due to nucleation of voids.
A flyer-plate impact experiment is schematically shown in Figure 1.2. A flyer plate is
accelerated and impacted against a target plate (the material under study). A high velocity impact
generates a compressive wave (red lines) in the microstructure.

Under such high-pressure

compression, the materials plastically deform by nucleating dislocations and deformation twinning
to relax the stress, which results in the generation of a complex network of defects in the
microstructure. The compression wave travels to the rear surface and is reflected as a rarefaction
wave (blue lines).This rarefaction wave travels back and interacts with the incoming release wave
and generates a triaxial state of stress in the microstructure, which leads to damage (voids)
nucleation and accumulation (nucleation, coalescence and growth of voids) to form cracks in the
microstructure [24]. This mode of failure is referred to as “spallation”, and the damage tolerance
is typically characterized by a quantity referred to as “spall strength”, which is defined as the
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maximum tensile pressures reached before the onset of failure. The spall behavior of the material
is largely determined by the complex evolution (nucleation and propagation) of defect structures
(stacking faults, twins, etc.) in the microstructure and their interactions to create sites for nucleation
of voids to initiate spall failure.

Figure 1.3: Free surface velocity profile of polycrystalline Cu. Solid curve 1 corresponds to coarse
grained specimen (grain size dg ~ 110 μm), and dashed curve 2 corresponds to ultra-fine- grained
specimen (grain size dg ~ 0.5 μm). Reproduced from Ref. [25].
Experimentally, spall strength can be inferred from free surface velocity profile that records
the displacement of the rear surface as a function of time. A typical free surface velocity profile is
shown in Figure 1.3 for polycrystalline Cu. The rear surface starts to accelerate as the shockwave
propagate to the back of the sample, and de-accelerate due to void nucleation in the microstructure.
The extent of such de-acceleration, as evaluated from the difference in the peak value and the first
minimum of velocity, also known as pullback velocity (∆𝑣𝑝𝑏 ), can be used to calculate the spall
strength (𝜎𝑠 ) of the material via the following equation:
𝜎𝑠 = 𝜌0 𝑐0 ∆𝑣𝑝𝑏

(1.1)

Where 𝜌0 is the initial density, 𝑐0 is the speed of sound in the sample, and ∆𝑣𝑝𝑏 is the pull back
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velocity from free surface velocity profile. In addition, the arrival time of the elastic and plastic
wave to the free surface, as evidenced from the slope change in the profile, can be used to evaluate
the amplitude of the elastic wave, known as Hugoniot elastic limit (HEL). Other properties, such
as wave velocity and strain rate can also be inferred from the above free surface velocity profile.

Figure 1.4: Spall stress (strength) as a function of peak compressive stress P, and strain rate in
[100] oriented Cu. The green spheres are the data points, and a minimized chi-squared fit to a
single plane is shown. Reproduced from Ref. [26].
Experimental studies of the spall response of metallic microstructures have typically
focused on investigating the correlations between loading conditions (shock pressure, strain rate,
etc.), loading orientation and microstructure features such as grain size and the resulting spall
strength of the material. The spall strength of single-crystal Cu, for example, is typically found to
be the highest along [001] direction [26, 27]. Such variation is attributed to different workhardening characteristics that are dependent on the number of active slip systems during the flow
process: [001] direction has 8 slip systems that are greater than the other directions [27]. In
addition, the spall strength depends strongly on the shock pressure and strain rate generated in the
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microstructure. Figure 1.4 shows the variation of the spall strength with shock pressure (P) and
strain rate for [100] oriented Cu, which suggests a linear dependence.
Results on a systematic study on Cu microstructures, including single and polycrystalline
Cu are shown in Figure 1.5. Apparently, the dependence of spall strength (as inferred from pull
back velocity) on shock pressure applies to polycrystalline microstructures as well. Generally, the
spall strength of polycrystalline Cu is much lower than that of single-crystal Cu and is observed to
increase with decreasing grain size, analogous to the Hall–Petch relation [28]. However, a few
studies point to the opposite trends, namely, an increase of spall strength with grain size, as shown
in Figure 1.5. Such trend is attributed to higher GB area and thus higher number of potential void
nucleation sites in fine-grained microstructure [27].

Figure 1.5:

Variation of pullback velocity as a function of impact pressure for different

microstructural conditions, both in the single and polycrystalline Cu. Single-crystal Cu [100] with
a dispersion of SiO2 particles are also included. Reproduced from Ref. [27].
Studies on shock-recovered samples show that in polycrystalline microstructures voids
tend to nucleate along the GBs which act as preferential sites. Figure 1.6 shows a typical
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microstructure of a polycrystalline Cu after shock failure. The preferential void nucleation along
GB junctions can clearly be seen in Cu. In addition, such plots can be further analyzed to develop
statistically reliable trends/links between GB character and void nucleation behavior. In Cu, voids
are present primarily at general misorientation GBs (10°–57°), whereas Σ3 GBs show much fewer
voids and are therefore more resistant to void nucleation.

Figure 1.6: (a), (b) Orientation maps of selected areas in damaged Cu samples, (c), (d) respective
boundary maps of the same areas. Special CSL Σ3 boundaries are colored as blue, and the general
misorientation GBs (10°–57°) are colored as red. Reproduced from Ref. [29].
Furthermore, in polycrystalline systems, the relative angle between the grain orientation
and the loading direction also significantly affects the damage nucleation behavior in individual
grains. Detailed analysis of shock-recovered polycrystalline Cu shows that GBs perpendicular to
the loading direction are an order of magnitude more likely to nucleate voids as compared to the
GBs parallel to the loading direction [30]. In the perpendicular case, the normal stress is
perpendicular to the GB which creates a dilatational strain across the boundary, whereas in the
parallel case a non-volumetric shear strain generated. As such, void nucleation is easier in the
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perpendicular case under dilatational strain. In nanocrystalline microstructures it is also shown that
GB characteristics such as misorientation angle and coincident site lattice (CSL) values
significantly affect the capability of GBs to plastically deform and nucleate voids [31]. For
example, Wayne et al. showed that GBs within a certain range of misorientation angle serve as
preferential void nucleation sites in Cu [32]. Similarly, Escobedo et al. revealed that in
polycrystalline Cu voids tend to nucleate preferentially at high misorientation angle GBs, whereas
special GBs such as low-angle GBs and 3 GBs are more resistant to void nucleation [33]. Another
study on Tungsten GBs showed 3 and 9 GBs to be more resistant to failure than other high CSL
GBs [34].
In recent years laser shock recovery experiments have been used to understand the
deformation mechanisms of single and nanocrystalline Cu during compression stage. Cao et al.
studied the response of single-crystal Cu along [001] direction with ultra-short shock pulse of 5
ns. Such duration is much lower than previous experiments that are in the μs regime, and thus
allowing to probe the defect structures generated in the microstructure in a more smaller time scale.
It is found that at a pressure of 20 GPa, the defect structure consists primarily of dislocation cells,
whereas at a pressure of 40 GPa, a substantial amount of twinning and stacking faults emerges in
the microstructure. Apparently, there exists a threshold pressure above which twinning starts to
emerge, and such threshold pressure is estimated to be ~16 GPa based on constitutive equations,
agreeing with the observed results [35]. Furthermore, the propensity for twinning is also found to
depend on the orientation in a study on bi-crystal Cu. At the same shock pressure of 10 GPa,
deformation twins are observed to be the dominant substructures in the [100] grain, but not in the
[011] grain [36].
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Figure 1.7: (a), (b) Orientation maps of selected areas in damaged Ta samples, (c), (d) respective
boundary maps of the same areas. Special CSL Σ3 boundaries are colored as blue, and the general
misorientation GBs (10°–57°) are colored as red. Reproduced from Ref. [29].
Under similar shock loading conditions, the damage (voids) pattern observed for Ta as
shown in Figure 1.7 is entirely different from that of Cu. For the case of Ta, voids are not only
located at the GBs, but a substantial amount of transgranular damage is observed. In addition, void
nucleation pattern is found to be quite random and does not prefer to locate at any specific GBs in
the damaged sample. Such differences suggest that the underlying mechanisms governing damage
(voids) nucleation and growth behavior are very different for FCC Cu and BCC Ta
microstructures. Although the effects of GB characteristics on the damage nucleation behavior
have been extensively studied in Cu [32, 33], there is still a lack of understanding in the case of
Ta, partially due to the above complexity.
Since experimental studies typically use post-shock microstructures to understand the spall
failure behavior, detailed information regarding the nucleation and accumulation of defects and
damage (voids) in the microstructure during the shock process is not available. Despite more recent
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advancements, such as high-speed imaging technique [37] and in-situ measurements of stacking
faults densities in the microstructure using x-ray diffraction [38], direct observation of the
microstructural evolution and deformation mechanisms under shock loading remains a challenge.
As a result, computational modelling methods have gained popularity to provide this missing
information at the short length and time scales and can aid in unravelling the underlying atomicscale processes governing the deformation and spall behavior of materials under shock loading
conditions.

1.3

Computational Studies of Spall Failure of Metallic Materials
Computational methods such as molecular dynamics (MD) simulations have been used to

complement the experimental studies by providing atomic scale insights in the deformation and
failure mechanisms during shock loading and spall failure. MD simulations have proven to be
successful in unraveling the links between the microstructure and the impact tolerance of metallic
materials, at strain rates on the order of 108 s−1 to 1010 s−1 with durations of up to hundreds of ps.

(a)

(b)

Figure 1.8: Evolution of the microstructure as a function of time during spall of single crystal Cu
[001] at a time of (a) 38 ps, (b) 42 ps. Red colored atoms represent stacking faults, green atoms
represent bulk FCC stacking, light blue atoms represent a coordination greater than 12, and blue
atoms represent a coordination of less than 12. Reproduced from Ref. [39].

11

MD simulations have been used to investigate the void nucleation and growth mechanisms
in single-crystal Cu under shock loading conditions. Two snapshots at intermediate times during
failure as shown in Figure 1.8 suggest that, voids nucleate randomly at stacking fault intersections
in the spall region. These voids continue to grow and coalesce, resulting in the separation of the
system.

Figure 1.9: Stacking fault patterns colored by the centrosymmetry parameter for four different
shock orientations in single-crystal Cu. Reproduced from Ref. [40].
MD simulations have also been used to study the role of loading orientation on the
dislocation pattern generated at the shock front in single-crystal Cu. The stacking fault pattern
generated in four orientation: [100], [110], [111], and [321] is shown in Figure 1.9. Along [100]
orientation, stacking faults are nucleated on four (111) planes, forming a cross-hatch pattern.
Along [110] orientation, stacking faults are nucleated on two (111) planes only. Along [111]
direction, stacking faults are observed on three (111) planes that form a triangular pattern. And
along [321] direction, only one type of stacking fault is activated. Such distinct dislocation pattern
12

suggests the significant role of loading orientation, in agreement with previous experimental
observations [35, 41].
Micromechanisms of spall failure of nanocrystalline Cu [42, 43] suggest that grain
boundaries and triple-junctions serve as void nucleation sites. The studies on the failure behavior
of nanocrystalline Cu with a grain size of 6 nm, as shown in Figure 1.10, suggests a significant
amount of stacking fault in the grains during failure. Voids are nucleated exclusively along the GB
junctions where the material is the weakest, and then grow along the GB. The resulting spall
strength of the system is calculated to be 8.24 GPa, 9.3 GPa and 9.52 GPa for impact velocities of
500 m/s, 750 m/s, and 1 km/s [43]. Such results agree very well with experimentally observed
results at strain rates greater than 107 s-1 [44].

Figure 1.10: Microstructural evolution of a section in the spall plane showing the nucleation and
growth of voids in the nanocrystalline system at a time of (a) t = 35 ps, (b) t = 36 ps, (c) t = 37
ps, (d) t = 38 ps. The atoms are colored according to CNA values, as described in Figure 1.8.
Reproduced from Ref. [43].
The deformation twinning behavior has also been investigated with MD simulations, in
order to understand the role of microstructure features on the twinning propensity, and how it
affects the spall strength of the material. MD simulations reveal a correlation between the spall
strength of the metal and the density of twinning partials in the microstructure at the time of
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nucleation of voids [45]. A 16 nm grain sized nanocrystalline Cu microstructure gives rise to a
highest spall strength that is near-ideal, as shown in Figure 1.11. This variation in spall strength is
found to correlate directly with the density of twins nucleated in the microstructure. Such
strengthening capability of twinning in nanocrystalline Cu under shock loading condition is
reminiscent of that observed for the yield strength of Cu under quasi-static loading, and suggests
that the profuse amount of twinning strengthen the microstructure by blocking the propagation and
growth of dislocations [46-50].

(a)

(b)

Figure 1.11: (a) Variation of the spall strength with grain size, (b) evolution of twin partial
dislocation density for nanocrystalline Cu. Reproduced from Ref. [45].
Although deformation twins could strengthen the FCC Cu microstructures, and therefore
are typically introduced into the as-prepared microstructures to render higher strength, the scenario
is the opposite for BCC metals such as Ta. During spall failure, twins in the microstructure act as
weak links for void nucleation, as shown in Figure 1.12(a) for single-crystal Ta along [100]
orientation. As a result, a higher twin volume fraction in the microstructure leads to a lower spall
strength. Such inverse correlation can be observed in Figure 1.12(b) for various loading
orientations: the spall strength of [001] orientation with 25% twin volume fraction (~15 GPa) is
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much lower than that of [111] orientation with nearly no twin (~19 GPa). Therefore, deformation
twinning is undesirable in Ta as it lowers the spall strength of the microstructure.

(a)

(b)

Figure 1.12: (a) Snapshots of twin structures in single-crystal Ta along [100] orientation.
Defective atoms are colored white and void surfaces are colored light blue. All other atoms are
colored according to their local longitudinal stress, (b) Spall strength (negative of σzz) as a function
of twin volume fraction for Ta single-crystal along various orientations. Reproduced from Ref.
[51], [52].
A systematic study on Ta single-crystal reveals that, an increase in strain rate not only leads
to higher spall strength, but also results in the transition in the dominant deformation mechanisms
under shock loading conditions. The results plotted in Figure 1.13 demonstrate such trends of spall
strength that applies to single crystals as well as nanocrystalline system. Detailed analysis of the
defect microstructure under shock compression reveal distinctive deformation mechanisms at
different strain rates: dislocation dominated plasticity at a strain rate lower than 109 s-1, twinning
dominated plasticity at strain rate from 109 s-1 to 5 x 1010 s-1, and de-cohesion at strain rates greater
than 5 x 1010 s-1.
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In addition, MD simulations have also shed light on the role of GBs in the plastic
deformation and spall behavior in FCC metals [53-57]. It has been shown that the local structure
of the GB determines the dislocation nucleation and adsorption behavior at the GBs, and in
particular, GB structural units could effectively alter the activation of dislocation slip [58-62].
However, there is still a lack of understanding in BCC metals, due to their complicated deformation
response.

Figure 1.13: Measured spall strength vs strain rate for single-crystal Ta along [100] orientation.
Dislocations are shown as dark lines, twin boundaries as transparent turquoise surfaces, and voids
as transparent red surfaces. Reproduced from Ref. [51].
In summary, the above MD studies have proved instrumental in identifying the correlation
among spall strengths and factors such as microstructure features (grain size, GB type) and loading
conditions (strain rate, loading orientation). However, an upper limit exists in the increase in the
spall strength of pure metals that can be achieved by optimizing these features. More recent studies
have focused on the distribution of heterogeneities in the microstructure i.e. interfaces, which can
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be used to further modify the dislocation processes that govern the plastic response and enhance
the spall resistance of the microstructure under dynamic loading conditions.

1.4

Design of Interfaces in Metallic Microstructures
Although the conventional nanocrystalline Cu undergoes rapid grain growth to the micron-

scale at just 100 °C, which results in a sudden loss of the high strength imparted by the small grain
size [63-65]. Such coarsening behavior therefore significantly limits the performance of these
nanocrystalline structures at elevated temperatures. Recent studies demonstrate that such
limitations can be overcome by the addition of secondary species that could effectively pin the
GBs and arrest grain growth. This has led to the discovery of a wide range of alloys with
extraordinary thermal stability and mechanical strength at elevated temperatures. Prominent
among them are a new set of Cu-based bi-metal alloy systems such as Cu/Nb [66-68], Cu/Cr [69,
70], Cu/Fe [12, 71, 72], Cu/W [16, 73, 74], Cu/Ta [9, 75-77], etc.
A range of experimentally observed Cu/Ta microstructures are shown in Figure 1.14,
include nanocrystalline Cu/Ta alloys, with Ta present as single atoms forming as supersaturated
solid solution, nano-clusters, and grains distributed in the Cu matrix, as well as Cu/Ta multilayer
systems. These Cu/Ta microstructures comprise of a distribution of Cu/Ta interfaces in the
microstructure with varying forms of Cu/Ta interfaces, with varying sites, sizes and concentrations.
This thesis aims to investigate the role of Cu/Ta interfaces on the spall strengths of Cu/Ta
microstructures, as well as the effects of distribution, size and concentration of Cu/Ta interfaces.
This would also allow for identification of the strengthening and weakening mechanisms relevant
to Cu/Ta interfaces.
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Figure 1.14: The range of Cu/Ta microstructures observed experimentally: Ta in solid-solution,
as large, medium and small Ta precipitates within the nanocrystalline Cu/Ta system, and Cu/Ta
multilayer system. Reproduced from Ref. [11], [78], [79], [80].
Figure 1.15 shows TEM bright field images captured at different temperature to
demonstrate the thermal stability of a nanocrystalline Cu/Ta microstructure alloyed with 10% Ta,
along with the grain size distributions of Cu grains and Ta nano-clusters. The contrast clearly
shows the distribution of Ta nano-clusters in the Cu matrix. As the temperature is increased from
25 °C to 400 °C, little increase in the average grain size of Cu matrix is observed (from 52 nm to
61.5 nm). The excellent stability of such microstructure is critical to its high mechanical strength
at elevated temperatures.
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Figure 1.15: Microstructural evolution of nanocrystalline Cu-10 at.% Ta subjected to in-situ
heating and corresponding grain size distributions at each temperature level. Reproduced from
Ref. [81].
Multilayer microstructures as another group of nanostructured materials have gained
substantial momentum in recent years [82, 83]. This is largely attributed to the presence of a high
density of interfaces in the microstructure that can be used to tailor their performance. Multilayers
are therefore very promising materials for next-generation damage-tolerant applications. Recent
advancements in experimental capabilities, such as equal-channel angular extrusion (ECAE),
physical vapor deposition (PVD) and accumulative roll bonding (ARB), have enabled the
fabrication of a wide range of novel bi-metal multilayer microstructures [11], including FCC/FCC
(e.g. Cu/Ni [84]), FCC/BCC (e.g. Cu/Nb [85, 86], Cu-W [87], Cu-B [88], Ag-W [89]), FCC-HCP
(e.g. Cu-Ti [90], Al-Ti [91]), HCP-BCC multilayers (e.g. Mg-Nb [92]), etc.
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Figure 1.16 shows the morphologies of one such Cu/Nb multilayer fabricated with ARB,
with a layer thickness of 20 nm. By changing the rolling direction, multilayer microstructures with
different orientation relationships and morphologies can be observed. In Figure 1.16(a) and
1.16(c), the textures show a flat morphology with a preferential orientation of (111)<110> Cu ||
(110)<001> Nb, whereas in Figure 1.16(b) and 1.16(d), the textures show a faceted/wavy
morphology with a preferential orientation of (112)<111> Cu || (112)<110> Nb. The orientation
relationships of these two interfaces are Nishiyama-Wasserman (NW) and one variant of
Kurdjumov-Sachs (KS), respectively [93]. As shown in Figure 1.16, KS112 multilayer contains
many deformation twins in Cu layers that are formed in the fabrication process, whereas NW
multilayer does not. Such differences suggest that orientation relationship plays a key role in
affecting the ability of the interface to deform plastically in the as-created multilayer.

Figure 1.16: Bight field TEM images showing Cu/Nb multilayer microstructures with a layer
thickness of 20 nm: (a) longitudinally rolled, (b) cross rolled, and (c), (d) HRTEM images of the
predominant interface in (a), (b) showing KS112 and NW orientation relationship, respectively.
Reproduced from Ref. [94].
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The capability to fabricate such a variety of the above microstructures therefore provides
opportunities to investigate the role of interfaces and provides critical insights towards the design
of damage-resistant microstructures by tailoring the structure of interfaces. Metallic alloys and
multilayer microstructures with a distribution of phases, render a distribution of interfaces in the
microstructure that can alter (and hence tailor) the deformation and failure behavior of the
individual phases and therefore show great promise in the design of next-generation damagetolerant materials. These interfaces can play a dominant role in the shock behavior at the microand nano-scales, due to their capability to act as sources, sinks and barriers for dislocations, which
are the main carriers of plasticity [95-97].
It is acknowledged that spall failure is a weak-link phenomenon, and is controlled by local
material microstructure. Therefore, addition of interfaces in the above microstructures would
expectedly facilitate damage (voids) nucleation and spall failure at the bi-metal interfaces. Postmortem analysis on a shock loaded CuPb system reveals that a significantly higher number of
smaller voids in the spalled microstructure: the number of voids in CuPb is 80% higher than in Cu,
but are 50% smaller in size [98]. Thus, the void nucleation behavior is significantly modified by
bi-metal interface. Further study suggests that the distribution of secondary Pb phases in Cu could
also significantly alter the void nucleation sites and growth rate under shock load conditions [99].
Studies on the spall behavior of polycrystalline Cu microstructures with secondary phases
(Ag and Nb) have been performed by Fensin et al., in order to understand how bi-metal interfaces
in such microstructures affects damage (voids) nucleation behavior [100]. In the case of a weaker
secondary phase (CuAg, shown on the left-hand side in Figure 1.17), voids tend to nucleate
primarily inside the weaker Ag phase rather than at the Cu/Ag interface; in the case of a stronger
secondary phase (CuNb, shown on the right-hand side in Figure 1.17), voids tend to nucleate
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primarily in Cu near the Cu/Nb interface. Such observation suggests that the role played by bimetal interfaces on the void nucleation behavior is quite complicated, and depends heavily on the
difference in the bulk property of the two phases. As compared to pure Cu, the resulting spall
strength is found to be increased by 6% for CuAg and 26% for CuNb, indicating that appreciable
strengthening could be imparted by the secondary phases. Such strengthening is attributed to
precipitate hardening.

Figure 1.17: Optical images for spalled (left) CuAg where white regions represent silver and
black regions are voids, (right) CuNb where the grey particles are Nb and the black areas are voids.
Reproduced from Ref. [100].
In the multilayer microstructures, interfaces are the weak links and therefore are expected
to initiate failure. However, this is not always the case under shock loading. Han et al. [101] studied
the shock failure behavior of Cu/Nb multilayer with a nominal layer thickness of 135 nm, and
observed void nucleation in the middle of the Cu layers rather than at the Cu/Nb interface or in the
Nb layers, as shown in Figure 1.18. Such observation is attributed to the release wave produced at
the Cu/Nb interface due to the impedance mismatch between Cu and Nb phases. Such release
waves are always generated at the phase with a higher impedance. The higher-impedance and
lower spall strength of Cu layers are therefore highly prone to spall failure in Cu/Nb multilayer
system, resulting in the failure mode observed here. Since the wave interaction and attenuation is
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highly dependent on the distances it travels which is determined by the layer thickness, it is not
clear how the above failure mode would vary with a different layer thickness. These experimental
studies therefore suggest a two-fold effect of bi-metal interfaces on the damage resistance of the
matrix phase. On the one hand, they can effectively strengthen the microstructure and improve the
impact tolerance of the metals; and on the other hand, they can also render weak potential sites for
damage (voids) initiation and reduce the impact tolerance of the metals.

Figure 1.18: Under-focused TEM image (-2 μm) showing the distribution of nanovoids in the
shocked Cu/Nb multilayer. The nanovoids are highlighted at the left corner. Reproduced from Ref.
[101].
On the computational side, however, the current understanding of the exact role of bi-metal
interfaces under shock loading condition is quite limited, due to a lack of study. Recent MD studies
are mostly focused on understanding the mechanisms underlying the enhanced stability imparted
by the interfaces, and the modifications in the deformation mechanisms under shock compression.
It is found that randomly distributed Ta clusters in Cu grains can effectively pin and stabilize the
GBs, resulting in greatly enhanced thermal stability as well as mechanical strength [102]. In the
multilayer systems, the overall deformation mode is found to be highly dependent on both the
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spacing (layer thickness) and structure of the interface. For example, in Cu/Nb multilayer systems
Cu/Nb interfaces can facilitate lattice dislocation nucleation and emission, as well as transmission
across the interface under shock loading conditions, and these events are highly dependent on the
spacing between the interfaces. Moreover, the atomic structure of the interface can readily shift
the activation barrier for dislocation nucleation and transmission across interfaces in Cu/Nb
multilayer systems, and the barrier for dislocation transmission is observed to be higher for KS112
interface (650 m s-1) than KS interface (500 m s-1), as shown in Figure 1.19. In addition, the
observed deformation behavior is strongly size-dependent, for example, it is found that a smaller
layer thickness significantly suppresses the amount of twinning observed in Nb layers [103].

Figure 1.19: Snapshots of shock-induced dislocation nucleation from (a) KS interface at a piston
velocity (up) of 650 m s-1 and (b) KS112 interface at up = 325 m s-1, and snapshots of dislocation
transmission during shock compression from Cu to Nb sides for (c) KS interface at up = 650 m s-1
and (d) KS112 interface at up = 500 m s-1. Reproduced from Ref. [104].
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Thus, it is crucial to develop a fundamental understanding of the links between the atomic
scale structure, size and distribution of heterogeneous interfaces in the microstructure and the
predicted spall strengths to define a clear rationale for why particular microstructures result in
increased spall strengths. Such a rationale is critical in aiding in the design of microstructures for
damage-tolerant applications and is therefore the goal of the dissertation.

1.5

Goal of the Dissertation
This work aims to unravel the links between: i) the GB properties and the resulting damage

(voids) nucleation behavior in BCC metals, and ii) the distribution, size and concentration of
FCC/BCC interfaces and the resulting deformation and spall failure behavior of nanocrystalline
metallic materials using MD simulations. A fundamental understanding of these links will be
crucial in the design of single-phase and bi-metal alloy microstructures with improved spall
resistance.
The role of GBs on spall behavior is studied using Ta bi-crystals as model systems. The
effects of GB static properties, such as GB energy, excess volume, misorientation angle, etc. on
the failure behavior are investigated for a large set of Ta bi-crystals. The goal is to identify
trends/correlations between these static properties and the resulting deformation modes and spall
strengths. The role of FCC/BCC interfaces on spall behavior is studied using Cu/Ta
microstructures as a model system. A systematic study is performed to evaluate the role of Cu/Ta
interfaces with varying distribution, size, and concentration. The goal is to probe how these
interface-related microstructural features play a role in affecting the overall spall failure behavior
of the alloy microstructure.
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1.6

Key Objectives of this Dissertation
The proposed work will undertake six important objectives to understand the role of

structure, size, and distribution of grain boundaries and interfaces (bi-metal) on the shock
deformation behavior and spall failure of bi-metal alloy systems. The objectives are:
A.

Role of loading orientation on spall failure of single-crystal Cu and Ta
The deformation and spall behavior of single-crystal Cu and Ta for various loading
orientations are first investigated using MD simulations. The goal is to understand the wave
propagation, defect nucleation (dislocations, twins, etc.), void nucleation and failure
behavior of single-crystal Cu and Ta. This objective aims to investigate the interplay
between dislocation slip and deformation twinning and the observed spall response of
single crystal microstructures. The results on single-crystal Cu and Ta will serve as a
reference system for the Cu/Ta alloy system in the following objectives. This objective is
discussed in detail in Chapter two.

B.

Role of GBs on the spall failure of Ta bi-crystals
MD simulations are carried out to investigate the role of Ta GBs on the deformation, void
initiation and failure behavior of Ta bi-crystals. A set of 74 Ta bi-crystals along [110] tilt
axis is chosen as model systems. The goal is to understand how static properties of the GBs
(GB misorientation angle, energy, excess volume) affect the deformation (especially
twinning) propensity, and the resulting spall strength of the bi-crystal. In addition, the
associated trends/correlations between these static properties and the spall strength, as well
as the related weakening mechanisms are discussed. This objective is discussed in detail in
Chapter three.
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C.

Role of Ta solid solution on the spall failure of nanocrystalline Cu microstructures
The deformation and spall behavior of nanocrystalline Cu/Ta microstructures, with Ta
distributed in the nanocrystalline Cu matrix (grain size 16 nm) in the form of solid solution
(single atoms). The effects of distribution (at the grain boundary only, or randomly) and
concentration of Ta solid solution are investigated. The goal is to identify the key
modifications in the deformation and spall behavior in nanocrystalline Cu system induced
by Ta solid solution. This objective is discussed in detail in Chapter four.

D.

Role of Ta nano-clusters on the spall failure of nanocrystalline Cu microstructures
The deformation and spall behavior of nanocrystalline Cu microstructures, with Ta
distributed in the nanocrystalline Cu matrix in the form of nano-clusters. The effects of size
and concentration of Ta nano-clusters are investigated. In addition, the effects of the grain
size of the nanocrystalline Cu matrix are also explored. By comparing with the results
obtained in Objective C, the corresponding strengthening/weakening mechanisms of Ta
solute are discussed, and the optimal Ta distribution for achieving the highest spall strength
is identified. Furthermore, the role of combined presence of various forms of Ta (grains,
particles, nano-clusters and solid solutions) affects the spall failure behavior of the
nanocrystalline Cu microstructure is investigated. This objective is discussed in detail in
Chapter five.

E.

Role of Cu/Ta interface spacing on the spall failure of Cu/Ta multilayer microstructure
MD simulations are carried out to study the deformation and spall behavior of Cu/Ta
multilayer systems with KS (Kurdjumov–Sachs) interface. Using single-crystal Cu and Ta
from Objective A as reference systems, the role of KS interface in modifying the wave
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propagation, defect evolution, and void nucleation and spall failure is discussed. In
addition, the effects of interface spacing on the deformation and failure behavior are
investigated. This objective is discussed in detail in Chapter six.
F.

Role of Cu/Ta interface structure on the spall failure of Cu/Ta multilayer microstructure
MD simulations are carried out to study the deformation and spall behavior of Cu/Ta
multilayer systems with different types of Cu/Ta interfaces. By comparing with the results
obtained in Objective E, the effects of interface structure on the deformation and failure
behavior are investigated. In addition, the effects of interface spacing is also investigated
for the different types of interfaces considered, in order to understand if the effects
identified in Objective E is generic. The corresponding strengthening/weakening
mechanisms of Cu/Ta interfaces are identified and discussed. This objective is discussed
in detail in Chapter seven.

1.7

Computational Approaches

Simulation Method
Molecular dynamics (MD) is utilized as the simulation method for this thesis. MD is a
physics-based modelling method which provides detailed information on the conformational
changes of atoms/molecules in materials. In MD, atoms are treated as interacting rigid particles
that obey classical laws of motion. The motion/trajectory of a group of atoms can be modelled by
numerically solving Newton’s equation of motion, with a finite difference method. Current
computational capabilities allow to provide fast, full dynamics of systems for reasonable length
(nm to μ m) and time (ns) scale. The ability of MD simulations to provide “time-resolved in-situ”
information on every atom in the system offers valuable insights to fundamental material behavior.
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MD simulations are well-suited to study phenomena and processes (for example, shock
compression and failure) that occur locally over very short time span that are not accessible in
experiments. As such, MD simulations have become a powerful tool that are used to complement,
explain and guide experimental studies [105]. All MD simulations in this dissertation are
performed with the open source software LAMMPS [106].
However, the credibility, accuracy and effectiveness of MD simulations rely heavily upon
the empirical interatomic potential, namely, the set of equations that are used to describe the
interaction between the atoms in the simulation. In addition, the small length and time scale of MD
simulations also place limitations on the phenomena that can be modelled.

Interatomic Potential
The angular-dependent interatomic potential (ADP) by Mishin is used to describe the
Cu/Ta interactions. This potential was parameterized using an extensive set of first-principles and
experimental data, and provides a very accurate description of the stacking fault and twinning
energies of both Cu and Ta phases [107]. This potential was recently applied to study the structural
stability of Cu/Ta alloys, Zener pinning of Cu grain boundaries by Ta nano-clusters [108], Ta
precipitate hardening of the nanocrystalline Cu system [109, 110]. Therefore, it is well-suited to
model the high strain-rate deformation and spall behavior of the Cu/Ta binary system.

Dislocation Analysis
Line dislocations in both FCC and BCC are identified using Dislocation extraction
algorithm (DXA) [111, 112]. The characterized line dislocations include Perfect dislocations
(1/2<110>), Shockley (1/6<112>), Stair-rods (1/6<110>), Frank (1/3<111>), Hirth (1/3<001>
partials in FCC, and dislocations of Burgers vector 1/2<111>, <100>, <110> in BCC. There is no
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detection of 1/6 <111> dislocations that are associated with twinning, due to the difficulty involved
in identifying twinning partial dislocations in BCC [113]. In addition, planar faults in FCC,
including stacking faults, twin faults are characterized with crystal analysis tool (CAT) [114].
DXA does not distinguish between Shockley partials and twinning partials, since both have the
same Burgers vector of 1/6<112>. To enable the identification of twinning partials, the dislocation
lines identified by DXA are mapped to atoms forming dislocation cores, and then twinning
dislocation lines are identified as Shockley partials that possess nearest neighbor atoms belonging
to twin faults. The total length of each type of line dislocation segments are summarized and
divided by the total volume of the simulation cell to give the dislocation density. Furthermore, the
above analysis are combined with “centrosymmetry parameter” (CSP) [115], “common neighbor
analysis” (CNA) [116] to allow for identification of surface/voids atoms. More details of the
methodology can be found in [45].

Slip System Identification
There are four slip planes in FCC: (111), (111), (111), (111). Understanding the type of
slip planes (stacking faults, twin faults) activated in FCC microstructure is very important, in order
to help understand how the presence of bi-metal interfaces modifies the relative amount of each
slip plane activated. Such analysis could also be used to test whether Schmid’s law holds true in
the presence of bi-metal interfaces for the multilayer system. Identifying the slip planes comes
down to identifying the normal direction to the stacking/twin faults identified with CAT. Nearest
neighbor analysis is performed for an atom belonging to a stacking/twin fault, and 6 nearest
neighbor atoms consisting of 3 nearest neighbor pairs lying in a single plane are identified. From
the 3 nearest neighbor pairs the normal orientation to the stacking/twin fault plane can be
calculated. The calculated normal direction is compared to the above four [111] directions in order
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to determine which slip plane it belongs to. This analysis also allows to quantify the relative
fraction of atoms belonging to each type of slip plane. In addition, this analysis could further be
used to filter out the noise (for example, single atoms, few-atom clusters that do not align in any
single plane) in the stacking/twin faults identified in CAT.

Twinning Analysis for BCC
For BCC metals, a robust way to identify and quantify twinning are not easily available.
DXA allows for identification of twin dislocations but not planar twin faults in BCC metals, and
the as-identified twin dislocations contain a significant amount of noise. Moller et al. recently
developed a BCC Defect Analysis (BDA) method to identify typical defects in BCC metals
including twin boundaries, however twin faults are not accounted for in this method [117].
Although a few methods have been proposed, these methods are either very demanding and thus
not general-purpose, or very computationally expensive. Orientation mapping is typically used in
previous works to identify twinned region, yet it does not provide quantitative information such as
twin volume fraction of the microstructure [118, 119]. Higginbotham et al. proposed a technique
that makes use of per atom structure factor (PASF) to distinguish the twinned atoms, however, this
technique requires performing Fourier transformation of the atomic coordinates [120]. In view of
this, a simple, efficient and general-purpose approach is developed that enables the identification
and quantification of twin faults in FCC, BCC and HCP systems.
This method, termed ‘twinning analysis’, calculates and makes use of Euler angles that
represent the local orientation of each atom to identify twins. The calculated Euler angles are
compared to the initial (reference) Euler angles. Atoms with significantly changed Euler angles as
compared to the initial (reference) values, and with similar Euler angles as compared to its
neighbors are identified as ‘twinned’ atoms. In identifying ‘twinned’ atoms, only the atoms inside
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the twinned region are considered, whereas atoms belonging to dislocations or twin boundaries are
not accounted for. Twin volume fraction is calculated as the total volume fraction of the ‘twinned’
atoms.

Void Analysis
The microstructures are also characterized to identify the distribution of voids at times
corresponding to peak tensile pressures. To identify voids, the simulation cell is divided into a 3dimensional grid of cubic cells (with the same size as a Cu unit cell), and empty cells (which
contains no atom) are identified. A void is defined as a cluster of two or more continuous empty
cells. More details of the methodology can be found in [42].
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CHAPTER TWO

SPALL FAILURE OF SINGLE-CRYSTAL CU AND TA SYSTEMS
2.1

Introduction
Understanding the deformation and spall behavior of single-crystal (SC) metals is a critical

first step and serves as a basis/reference system towards understanding the modifications brought
up by the presence of GBs in nanocrystalline systems, as well as bi-metal interfaces in alloy
microstructures. It is therefore necessary to first evaluate how defects nucleate and propagate, how
damage (voids) initiate, grow and coalesce in single-crystal microstructures under shock loading
conditions. It is also important to understand the role played by loading orientation.
The studies on single-crystal Cu microstructures have typically been focused on
understanding how different orientation affects defects evolution, void nucleation and growth
pattern, and the resulting spall strength. The seminal work by Minich et al. reported the highest
spall strength for [001] orientation, followed by [110] and [111], and attributed such variation to
the different strain hardening rates as a function of the number of slip systems activated in the
three orientations [27]. Such trend is supported by more recent experimental studies on singlecrystal Cu [26]. MD simulation suggests that in Cu [001] orientation failure is characterized by
fewer voids and faster void growth, while [111] orientation is characterized by many voids and
slow void growth [26]. Such an observation is consistent with the more rapid spall surface
formation along [001] orientation observed experimentally, and could explain the higher spall
strength along [001] orientation. Other MD simulations have also reported similar trends [121]. In
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addition, research efforts have been devoted to understanding how shock pressure and loading
orientation affect the defect structure (slip vs twinning) and slip system activity. Laser shock
experiments on single-crystal Cu along [001] orientation observe primary slip dislocation at a
pressure of 20 GPa and abundant twinning activity at 40 GPa, suggesting that deformation
twinning is more favorable at higher pressure [35]. The above transition from slip to twinning is
also demonstrated by recent MD simulations for single-crystal Cu along [001] orientation [122].
Similarly, the shock deformation behavior of Ta demonstrates an intricate interplay of slip
and twinning, depending on loading conditions such as pressure and orientation. For example, Lu
et al. [123] reported a critical threshold pressure of ~40 GPa in single-crystal Ta, above which the
dominant deformation modes transitioned from dislocation slip to twinning. Such trends have also
been reported in MD simulations. Tramontina et al. [124] studied the shock-induced plasticity of
Ta [001] single-crystal, and observed a mix of dislocation and deformation twinning at ~30 GPa
and predominant deformation twinning above 70 GPa. Ravelo et al. [125] studied the deformation
behavior of Ta [111], [110] and [001] single-crystals, and found twinning to be dominant in [110]
direction, whereas the other two directions were characterized by dislocation nucleation and
multiplication. It is further shown that such transition of deformation modes could substantially
lower the damage resistance of the microstructure. For example, Hahn et al. [52] studied the spall
behavior of single-crystal Ta, and found an inverse correlation between twin volume fraction and
the void nucleation stress, due to the propensity of voids to form at twin-twin intersections. This
weakening effect is in contrast with that observed in Cu, where the presence of deformation twins
results in increased spall strengths [45].
Therefore, in SC-Cu and SC-Ta microstructures, the deformation twinning behavior and
its competition with dislocation slip is significantly affected by loading conditions such as shock
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pressure and loading orientation. Most studies to this day have focused on the trends observed in
spall strength values, and have not correlated such trends with the deformation twinning behavior
under shock loading conditions. However, twin identification and quantification have been
extremely challenging in experiments, due to the extremely small time span (ns to ms) of shock
experiments. Sliwa et al. [126] recently developed a technique that utilizes x-ray diffraction to
identify the lattice rotation and the amount of twinning in shock-loaded Ta. They found that most
of the twins that are formed during shock loading stage are fully eliminated by the rarefaction
process, namely, a significant amount of detwinning occurs in the system during stress relaxation
stage [126]. Such observation raises questions over the lack of twinning observed in post-shock
analysis and suggests that the lack of twinning observed in previous observations could likely be
due to the detwinning process that has not been accounted for [127]. It is however, still not clear
how the loading conditions such as orientation plays a role in such detwinning process. It is
therefore important to study the twinning-detwinning phenomena in MD simulations, to fill in the
current gap in understanding. However, there are yet no standard tool that allows to identify
twinning in BCC microstructure, except orientation mapping, which does not provide quantitative
information such as twin volume fraction in the microstructure [118, 119]. Therefore, the
‘twinning analysis’ method is developed to identify the twinned region, as well as provide
quantitative information such as twin volume fraction and number of twin bands in BCC Ta
microstructure. Such capability is crucial in deepening the current understanding in the dependence
of twinning-detwinning process on loading conditions as well as microstructural features, and how
it contribute to the resulting variation in the spall strength values of the microstructure.
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2.2

Computational Methods
The as-created microstructures are first equilibrated at 300 K and zero pressure prior to

shock loading. As shown in Figure 2.1, the shock is generated by using a rigid piston at one end
of the sample (left 3 nm) that is driven inward for a pulse duration of 10 ps with a constant impact
velocity of 1 km/s. The lateral directions (X, Y) are kept periodic, whereas the shock (Z) direction
is kept free. A time step of 2 fs is used for all the simulations.

Figure 2.1: Initial setup for the shock loading of SC-Cu along [110] direction. The piston atoms
(red) are given an inward velocity (1 km/s) along positive Z direction for a duration of 10 ps, as
shown by the red arrow. Piston atoms are colored red, rear surface atoms are colored orange, and
bulk FCC atoms are colored green.
To understand the wave propagation behavior, temporal evolution of pressure in the system
is monitored by binning the simulation box along shock direction (Z) and averaging over the
pressure for all atoms in the bin for all snapshots generated. The pressure is calculated as 𝑃 =
1

− 3 (𝜎𝑥𝑥 + 𝜎𝑦𝑦 + 𝜎𝑧𝑧 ) , where 𝜎𝑥𝑥 , 𝜎𝑦𝑦 , and 𝜎𝑧𝑧 are the stresses in X, Y and Z direction,
respectively. The averaged pressure is plotted as a function of bin position and time to generate
pressure profile.
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In Ta microstructure, twinning is characterized with “twinning analysis” method. Twinning
analysis works in the following way for BCC systems:
1. Calculate quaternions with Polyhedral Template Matching (implemented in Ovito) [128] for a
particular frame and the reference frame (the original frame at time zero).
2. Apply 24 cubic symmetry operations to the quaternions obtained from step 1, to map the
quaternions to the fundamental zone. Symmetry operations that maximize the W component of the
quaternions are adopted from [129].
3. Convert the reference and transferred quaternions to Euler angles.
4. Identify twins based on the change in Euler angles with respect to the reference Euler angles
and the difference of Euler angles between one atom and its neighbor atoms (CNA cutoff is used
for neighbor analysis). To quantify as twins, an atom needs to satisfy all the following criteria:
i). BCC with 14 neighbors
ii). Change in the average of all three components of Euler angles greater than 10° w.r.t the
reference Euler angles
iii). Difference in Euler angles in all three components of more than or equal to 6 neighbor atoms
less than 5°
Atoms satisfying all these criteria can be tentatively assigned as twinned atoms.
5. Further filter out noise from the as-assigned twin atoms based on the number of twinned atoms
among neighbor atoms: all atoms with fewer than or equal to 4 twinned atoms among neighbor
atoms are un-assigned as twinned atoms, this is done recursively for a few times (5 times) to
remove small random clusters that are assigned as twinned atoms in step 4.
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It is noted here that although the above procedure is shown for BCC system, slight
modification of step 4(i) would render it applicable to FCC or HCP system. Therefore, this method
is general-purpose and is applicable to FCC, BCC and HCP systems in very similar fashion. To
demonstrate the capability of twinning analysis, Figure 2.2 shows the results of the twinning
analysis on shocked Ta bi-crystals. Twin volume fraction is calculated as the total Voronoi volume
of the twinned atoms divided by the total Voronoi volume of all atoms in the simulation cell. The
twin volume fraction is calculated to be 3.7% and 10.4% for Σ11(1 1 3) and Σ99(1 1 14) GB,
respectively. The color of twinned atoms is indicative of the twinning planes.

(a)

(b)
Figure 2.2: Snapshots demonstrating twinning analysis in Ta bi-crystals: (a) Σ11(1 1 3), (b) Σ99(1
1 14). The left-hand images show the entire system, and the right-hand images show only the
‘twinned’ atoms as identified by twinning analysis. All atoms are colored based on the Euler angle
 (- ~ ).
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2.3

Spall Failure of Single-crystal Cu
Deformation and spall failure of single-crystal Cu (SC-Cu) is first demonstrated for [110]

orientation. A pressure profile illustrating the temporal evolution of pressure along the shock
direction (Z) of the system is shown in Figure 2.3(a). The shock loading and propagation process
can be divided and analyzed into four distinctive stages: Stage I (SI) corresponds to the propagation
of compressive wave for the given pulse duration (0 – 10 ps); Stage II (SII) begins at the arrival of
the tail of the pressure wave and ends when the compressive wave reaches the rear surface (10 –
14 ps); Stage III (SIII) corresponds to the expansion of the rear surface and the generation of the
rarefaction wave and its interaction with the tail of the compressive wave to generate a tri-axial
tensile wave (14 – 25 ps); and Stage IV (SIV) corresponds to the nucleation and growth of voids
under the tensile wave (25 – 40 ps).
The evolution of densities of Perfect dislocations, Shockley partial, Stair-rod partial, and
twinning partial is shown in Figure 2.3(b). During shock loading and propagation stage (SI and
SII), dislocations are continuously nucleated in the microstructure, which results in the rapid
increase of dislocation density, especially that of Shockley partial and twinning partial. However,
the rate of increase is much lower in SII as compared to SI, due to the unloading of the shockwave.
In SIII, the shockwave is reflected back from the rear surface, which leads to the relaxation of the
compressive pressure, and furthermore the annihilation of dislocations in the microstructure,
resulting in the sharp decrease of dislocation density. The rarefaction wave interacts with the tail
of the incoming pressure wave (as shown by the intersecting black dashed arrows in Figure 2.3(a)),
generating a state of tri-axial tensile stress which accumulates and results in nucleation of voids in
the tensile zone. It is noted here that the tensile pressure generated in SIII could also trigger
dislocation nucleation in the microstructure, as shown by the slight increase in dislocation density

39

in Figure 2.3(b). The nucleated voids in SIII further grow and coalesce, and results in separation
of the sample along the tensile zone and the failure of the system in SIV. As such, the pressure
plots are used to quantify a value for the spall strength, defined as “the peak tensile pressure
required to nucleate voids” and is a measure of damage tolerance of the microstructure under shock
loading conditions.

(a)

(b)

Figure 2.3: Temporal evolution of (a) pressure, and (b) dislocation density in SC-Cu [110] under
shock loading.
Figure 2.4 shows the snapshots of the microstructure at the above four stages. Left-hand
panels show the entire microstructure, and right-hand panels show the distribution of twin faults,
twinning partials and surface/voids. Atoms are colored as green for FCC, red for stacking faults,
yellow for twin faults, light blue for twinning partials, blue for disordered, and orange for
surface/voids.
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(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

Figure 2.4: Snapshots showing microstructure evolution of SC-Cu [110] at various stages: (a)(b) 0 ps, (c)-(d) 10 ps, (e)-(f) 20 ps and (g)-(h) 30 ps. Left-hand panels show the entire
microstructure, and right-hand panels show the distribution of twin faults and surface/voids. Atoms
are colored in the following way: FCC (green), stacking faults (red), twin faults (yellow), twinning
partials (light blue), disordered (blue), surface/voids (orange).
The nucleation of both planar faults (stacking faults, twin faults) and line dislocations
(Shockley partial, twinning partial) can clearly be seen in Figure 2.4(d) and 2.4(f) as the shockwave
propagates towards the rear surface in SI and SII. The voids, as shown by orange atoms, are
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nucleated in the tensile zone at a Z range from 800 Å and 1100 Å. This is termed the spall plane,
and a shock pulse of 10 ps typically generates a spall plane width of 30~40 nm (300~400 Å). To
understand the void nucleation and growth behavior, the evolution of the number and volume
fraction of voids are shown in Figure 2.5. The void evolution is characterized by void nucleation
stage and coalescence stage. Void nucleation stage initiates at 24 ps when the number of voids
increases rapidly as the system undergoes tension, and ends at 26 ps when the number of voids
reaches a maximum. This is followed by void coalescence stage, as the number of voids starts to
decrease as voids link together with one another and coalesce. During both stages, the volume
fraction of voids continuously increases.

(a)

(b)

Figure 2.5: Evolution of (a) number of voids (NV) and (b) void volume fraction (FV) of SC-Cu
[110].
The effects of loading orientation are further investigated by further considering SC-Cu
along [111] and [112] orientation. Table 2.1 lists the primary and secondary slip planes and the
corresponding Schmid factors for these orientations. [110] orientation is characterized by two
primary slip planes (111) and (111), with equal Schmid factors of 0.47. [111] orientation is
characterized by three primary slip planes (111), (111) and (111), with equal Schmid factors of
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0.31. [112] orientation is characterized two primary slip planes, (111), (111) with equal Schmid
factors of 0.39, and one secondary slip plane (111), with a Schmid factor of 0.31. These different
set of primary and secondary slip planes are responsible for the different dislocation structures that
are generated in the single-crystal microstructure.
Table 2.1: Slip planes and the corresponding Schmid factors for SC-Cu. Primary slip planes are
labeled P1, P2, P3, and secondary slip planes are labeled S1, S2.
Orientation

P1, m

P2, m

P3, m

S1, m

S2, m

[110]

(111), 0.47

(111), 0.47

N/A

(111), 0

[111]

(111), 0.31

(111), 0.31

[112]

(111), 0.39

(111), 0.39

(111), 0.31
N/A

(111), 0
(111), 0
(111), 0.31

(111), 0

N/A

To understand how loading orientation affects the deformation behavior of SC-Cu during
the compression stage, Figure 2.6 shows the activated slip planes in the system at 20 ps. Here only
atoms corresponding to the slip planes, namely, stacking faults and twin faults are shown and
surfaces are shown. Atoms are colored based on the slip planes they correspond to: yellow
corresponds to (111) , green corresponds to (111) , cyan corresponds to (111) , and purple
corresponds to (111). Surface atoms are colored orange. The predominate slip planes observed in
these snapshots are (111) and (111) for [110] orientation (Figure 2.6(a)), (111), (111) and
(111) for [111] orientation (Figure 2.6(b)), (111) and (111) for [112] orientation (Figure 2.6(c)).
These are the primary slip planes with the maximal Schmid factors. It is noted that along [112]
direction, a substantial amount of secondary slip planes along (111) (colored yellow) is present
near the left-end surface, suggesting that the presence of surface significantly promotes this slip
mode.
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(a)

(b)

(c)
Figure 2.6: Snapshots showing the activated slip planes in SC-Cu at 20 ps: (a) [110], (b) [111],
(c) [112]. Only atoms corresponding to the slip planes (stacking/twin faults) are shown and
surfaces are shown. Atoms are colored based on the slip planes they correspond to: yellow
corresponds to (111) , green corresponds to (111) , cyan corresponds to (111) , and purple
corresponds to (111). Surface atoms are colored orange.
Table 2.2 lists the fraction of the slip planes in the above snapshots. Primary slip systems
account for more than 90% for all [110] and [111] orientation, and 85% for [112] orientation.
Therefore, the slip activities observed in SC-Cu follow Schmid’s law very well.
Table 2.2: The fraction/percentage activated slip planes in SC-Cu.
Orientation

P1, m

P2, m

P3, m

S1, m

S2, m

[110]

48.6%

44.2%

N/A

3.7%

3.5%

[111]

32.3%

33.9%

33.1%

0.8%

N/A

[112]

42.6%

42.2%

N/A

2.1%

13.0%
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Figure 2.7 shows the snapshots of the microstructure at the time of peak tensile pressure.
It can be seen that a significantly higher density of twins is nucleated in [110] and [112] direction
as compared to [111] direction. In addition, despite the similar width of spall plane for all the
directions, the distribution of voids is quite different. As compared to the other directions, [112]
direction shows much smaller voids.

(a)

(b)

(c)

(d)

(e)

(f)

Figure 2.7: Snapshots of SC-Cu at a time corresponding to peak tensile pressure: (a)-(b) [110],
(c)-(d) [111], (e)-(f) [112]. Left panels show the entire microstructure, and right panels show the
distribution of twin faults and surface/voids. Atoms are colored as described in Figure 2.4.
The evolution of densities of Shockley, Stair-rod and twinning partials are shown in Figure
2.8, and Table 2.3 lists the density of Shockley, Stair-rod and twinning partials at the spall plane
at the time of peak tensile pressure. Although the density of Shockley partials is similar for all
directions over all stages (Figure 2.8(a)), the density of twinning partials is much lower for [111]

45

direction as compared to the other two directions (Figure 2.8(c)), which could be responsible for
the lower spall strength along [111] direction as shown in Table 2.3. On the other hand, [112]
direction shows higher density of twinning partials than [110], yet their similar spall strengths are
very close. This could be due to the much higher density of Stair-rod partial along [112] direction
that lowers the spall strength.

(a) Shockley partial

(b) Stair-rod partial

(c) Twinning partial

Figure 2.8: Evolution of density of various dislocations in SC-Cu: (a) Shockley partial, (b) Stairrod partial, (c) twinning partial.
Table 2.3: Values of densities of Shockley, Stair-rod and twinning partials (1017/m2) at the spall
plane at the time of peak tensile pressure, as well as spall strength (σspall, GPa) for SC-Cu.
Orientation
[110]
[111]
[112]

2.4

Shockley
0.90
0.69
1.28

Stair-rod
0.05
0.12
0.32

Twin
0.57
0.27
1.30

σspall
10.74
10.06
10.76

Spall Failure of Single-crystal Ta
Deformation and spall failure of single-crystal Ta (SC-Ta) along [110], [111] and [112]

directions are investigated. Figure 2.9 shows the snapshots of the microstructure at the time of
peak tensile pressure for SC-Ta along [001], [110] and [112] direction. It can be seen that in [112]
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direction the voids nucleated are much smaller than the other directions. In addition, the amount
of twins in the microstructure are also much lower in [112] direction.

(a)

(b)

(c)

(d)

(e)

(f)

Figure 2.9: Snapshots of SC-Ta at a time corresponding to peak tensile pressure: (a)-(b) [001],
(c)-(d) [110], (e)-(f) [112]. Left-hand panels show the entire microstructure, and right-hand panels
show the distribution of twin faults and surface/voids. Atoms are colored in the following way:
BCC (purple), twin faults (cyan), disordered (blue), surface/voids (silver).
Figure 2.10 shows the evolution of densities of dislocations with Burgers vector 1/2<111>
(main type of dislocation generated in the microstructure) and twin volume fraction for the above
systems. A significant amount of the dislocations and twins generated during SI and SII are
annihilated in SIII and SIV as the stresses are relaxed and further pulled into tension in the
microstructure. This annihilation is especially the case for the twins. For example, in [001]
direction, the twin volume fraction reaches ~0.15 at the end of SII, whereas at the time of spallation

47

in SIII (33 ps), it has decreased to ~0.01 in the microstructure. Among all the directions, it can
clearly be seen that [110] and [112] directions are characterized by a relatively higher density of
dislocations and lower twin volume fraction, thus displaying dislocation-slip dominated plasticity.
However, [001] direction shows a very lower dislocation density and high twin volume fraction,
and displays twinning dominated plasticity. The above trends in orientation-dependent
deformation modes are in line with that reported by Hahn et al. [52].

(a)

(b)

Figure 2.10: Evolution of (a) density of dislocations with Burgers vector 1/2<111>, (b) twin
volume fraction in SC-Ta.
Table 2.4: Values of density of dislocations with Burgers vector 1/2<111> (1017/m2) and twin
volume fraction (ftwin) at the time of peak tensile pressure, as well as spall strength (σspall, GPa) for
SC-Ta.
Orientation
[001]
[110]
[112]

1/2<111>
0.16
0.83
0.94

ftwin
0.012
0.012
0.001

σspall
22.75
19.48
19.88

Such trends can also be observed from Table 2.4 that lists the density of dislocations and
twin volume fraction at the time of peak tensile pressure, as well as the spall strength. Despite a
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higher twin volume fraction in the microstructure, [001] direction shows a higher spall strength
than the other two directions. Therefore, the evolution of twins does not seem to correlate with the
spall strength in our study, contrary to that reported in [52].

2.5

Conclusions
In summary, MD simulations are performed to investigate the effects of loading orientation

on the deformation and spall failure behavior of SC-Cu and SC-Ta. It is found that the loading
orientation critically determines the type and amount of dislocations (including twins) nucleated
in the microstructure during the compression stage, void nucleation and growth and the resulting
spall strength. For SC-Cu, the spall strengths can be correlated with the density of twins at the
spall plane during failure. [112] and [110] directions show higher density of twins and therefore
higher spall strengths, whereas [111] direction shows lowest density of twins and therefore lowest
spall strength. Therefore, the spall strength of SC-Cu is critically determined by its capability to
nucleate twins in the microstructure. Such correlation is in line with previous results on
nanocrystalline Cu [45]. For SC-Ta, [110] and [112] directions display dislocation-slip dominated
plasticity, whereas [001] direction displays twinning dominated plasticity. However, the resulting
spall strength is much higher for [001] direction that shows the highest volume fraction of twins,
which suggests that the evolution of twins does not critically determines the spall strengths in SCTa. Finally, in both SC-Cu and SC-Ta, the average size of the voids is much smaller in [112]
direction, suggesting that in [112] direction the spall failure is more void-nucleation dominated,
whereas in the other directions the spall failure is more void-growth dominated.
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CHAPTER THREE

ROLE OF GRAIN BOUNDARIES ON THE SPALL FAILURE OF TA
BI-CRYSTALS
3.1

Introduction
In polycrystalline and nanocrystalline metallic systems, such microstructural features

typically include pre-existing heterogeneities such as GBs, triple junctions, as well as defect
structures (dislocations and deformation twins, etc.) generated under shock loading [130, 131] .
Understanding how GBs affects the deformation and spall behavior is critical to engineering
materials with tailored fracture resistance under dynamic loading conditions. This understanding
is hampered by a lack of systematic data set, especially for BCC metals.
Studying the deformation and failure behavior of BCC metals has gained substantial
momentum in recent years, although it still proves challenging due to their complicated
deformation response, as compared to their FCC counterparts [132-134]. As a model BCC metal,
Ta is a promising candidate for defense-related applications such as armors and shape charges, due
to its high energy density, stability, and strength [135, 136]. The deformation behavior of Ta is
characterized by an intricate interplay of dislocation slip and deformation twinning [137].
Although screw dislocation plasticity shows an overwhelming presence in static and quasi-static
loading conditions, deformation twinning emerges as an active and even dominant deformation
mode under high strain rate loading conditions, such as shock [123, 127, 133, 138, 139]. The
propensity for twinning in Ta is significantly affected by microstructural features such as grain
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size and GB types [140, 141]. Under plate-impact, deformation twinning prefers to form at highangle GBs and this propensity is also affected by grain orientation in polycrystalline Ta [142]. The
tendency for Ta GBs to nucleate voids is significantly affected by GB properties such as
misorientation angles. Weaver et al. studied the spall behavior of Ta bi-crystals and found that
low-angle GBs tended to nucleate fewer voids as compared to high-angle ones [143, 144]. The
above studies suggest that the characteristics of GBs critically determine the overall deformation
and void nucleation behavior. However, there is a lack of systematic data that allows for the
establishment of the links between GB characteristics and the failure behavior in nanocrystalline
and polycrystalline Ta.
MD simulations are well-suited to study the role of grain orientation, grain size, loading
direction, strain rate and temperature on the deformation behavior of single and nanocrystalline
systems [51, 56, 145-149]. For example, it has been shown that in both nanocrystalline Cu and Ta,
GBs oriented normal to the loading direction are more prone to failure, due to the higher resolved
normal stress [30, 150]. Studies on nanocrystalline Mo suggested the prevalence of deformation
twinning under tensile loading and its significant role in initiating damage nucleation and failure
at twin-GB interaction [151-153]. In addition, MD simulations have also revealed the propensity
for voids to nucleate at grain interior in polycrystalline Ta. Such behavior is facilitated by the
multiple GB-slip and GB-twin intersections in Ta, due to the combination of large number of slip
systems and profuse twinning in the grain interior [142]. However, there are still many outstanding
questions in regards to the role played by GBs in these processes:
1. How does GB property and structure affect the deformation behavior?
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2. How does the coupled existence of pre-existing GBs and newly-generated defects affect
the void nucleation behavior, and more specifically, where and under what stress will voids
nucleate (spall strength)?
3. Is there any correlation between these factors and the spall strength?
Therefore, the goal of this chapter is to use MD simulations to address these outstanding questions
using Ta bi-crystals as a model system. Bi-crystals are chosen as a model system since they allow
to separate out all other factors and specifically investigate the role of GB properties.

3.2

Computational Methods
To determine if there exists any correlation between GB properties and the spall strength,

a statistically relevant data set of 74 symmetric tilt GBs along [110] tilt axis is selected for this
study. These GBs are generated using the γ-surface approach: two half-crystals are joined at the
GB plane, then one half-crystal is translated with respect to the other half-crystal along the GB
plane, wherein any overlapping atoms are deleted, and a structural minimization is performed
[154-156]. Different amounts of translations and overlap criteria yield different GB phases,
namely, GBs with the same grain orientation but different local atomic arrangements/structures.
Previous work has shown that, the dislocation plasticity in metals can be significantly modified by
altering the local structure of the GB only. Such modification in the deformation mechanisms
would expectedly alter the void nucleation behavior as well [56, 157]. Therefore, it is necessary to
sample different GB phases, in order to understand the collective deformation response of GBs
comprising of various GB phases in nanocrystalline systems.
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Figure 3.1 shows the variation of GB energy with misorientation angle for the chosen set
of GBs. The GBs are chosen to cover the entire range of GB misorientation angle, energy, excess
volume, as well as different local structures.

Figure 3.1: Variation of GB energy with misorientation angle for the chosen set of GBs along
[110] tilt axis.
To illustrate the choice of GBs in this work, static properties of a few representative GBs
are listed in Table 3.1, and the corresponding GB structures are shown in Figure 3.2. These GBs
demonstrate very different static properties as well as local structures. Moreover, for a given
misorientation angle, 2 different GB phases are chosen, in order to investigate the role of local
structures.
Table 3.1: Static 0 K properties of 4 representative GBs. The directions given in the parenthesis
correspond to GB normal direction, and the angle between the GB normal and tilt axis (110) is
multiplied by two to give misorientation angle between two half-crystals forming the bi-crystal.
GB
Σ73(6 6 1)
Σ3(1 1 2)
Σ129(2 2 11)
Σ129(2 2 11)

Misorientation
angle (°)
13.44
109.47
151.16
151.16

GB energy
(mJ/m2)
1049
275
1527
1298
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GB excess
volume (Å3/Å2)
55
-8
6
133

(a) Σ73(6 6 1)

(b) Σ3(1 1 2)

(c) Σ129(2 2 11)

(d) Σ129(2 2 11)

Figure 3.2: Structures of representative GBs: (a) Σ73(6 6 1), (b) Σ3(1 1 2), (c) Σ129(2 2 11), (d)
Σ129(2 2 11). Atoms are colored based on centro-symmetry values. Σ73(6 6 1) is a low-angle GB,
with medium GB energy and excess volume. Σ3(1 1 2) is a medium-angle GB, with the lowest
energy among all the chosen GBs (275 mJ/m2), and a slightly negative excess volume. Two
different GB phases of Σ129(2 2 11) with the same misorientation angle are shown in (c) and (d):
the former with a higher GB energy albeit a very low GB excess volume, and the latter with a
lower GB energy and a very high excess volume. These differences arise from the different atomic
arrangements near the GB plane.
The bi-crystals are created with a dimension of ~40 nm x ~40 nm x ~150 nm, with a total
of 15~20 million atoms. As shown in Figure 3.3, the GB is positioned at 2/3 of the Z dimension,
resulting in Grain 1 with a Z dimension (100 nm) that is 2 times that of Grain 2 (50 nm). 1-D shock
loading is then introduced via flyer-plate target method [51] as shown in Figure 3.3. The left half
of Grain 1 is chosen as the flyer, and the rest of the sample as target. The particle velocity Up is set
at 750 m/s, and the flyer and target are given a velocity along Z direction (normal to the GB plane)
of 4/3Up and -2/3Up, respectively, causing them to impact against each other. 750 m/s is chosen
since it is above the elastic-plastic transition for all the orientations considered here. This setup
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allows the rarefaction waves from the flyer and target to meet and interact at the GB plane. Thus
spallation is introduced at the GB plane by design, allowing for direct evaluation of the spall
strength of the GB. The Ta2 EAM potential by Ravelo et al. [119] is used to model the interatomic
interactions in the system.

Figure 3.3: The schematic showing the flyer-plate target shock simulation setup. The dashed red
lines represent the compressive wave, and dashed blue lines represent the rarefaction wave.
Spall strengths of the GBs are evaluated based on the stress required to nucleate voids at
the GB, referred to as void nucleation stress here. The time associated with void nucleation is
extracted and the void nucleation stress is calculated 1 ps before this time, and defined as the spall
strength. Due to the presence of screw dislocation based plasticity and deformation twinning in
the system that can lead to void nucleation in the bulk region as well, we focus on a “GB region”,
defined as a 5 nm region surrounding the GB and detect first void nucleation event in this region
only. This is illustrated schematically in Figure 3.4. Void nucleation stress is obtained by averaging
over the Z stresses of all the atoms within a 5 nm region surrounding the void (void region). In the
case of multiple void nucleation events, void nucleation stress is calculated for each void
separately, and the lowest value is taken as the void nucleation stress. It is noted here that since
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the data from the simulation is outputted every 0.1 ps, the resulting accuracy of the void nucleation
stress that depends on the rate of stress increase/relaxation, is about ±0.3 GPa.

Figure 3.4: Representative x-t diagram (left) of the shock loading of Ta bi-crystal Σ3(1 1 1),
where first void nucleation event in the GB region is detected, and quantities such as void
nucleation stress and total excess energy are averaged over a 5 nm bin surrounding the void (void
region). The position of the GB is marked by dashed grey lines in the x-t diagram.
To quantify the amount of plastic deformation in the system, a quantity called total excess
energy is evaluated as the extra amount of potential energy per atom in the void region 1 ps before
the first void nucleation event. The plastic component of the total excess energy is calculated by
subtracting the elastic contribution to the excess energy. The elastic contribution is approximated
by the elastic strain energy at the corresponding stress value for single-crystals in the
corresponding orientation.

3.3

Role of GB Static Properties
The correlations between static properties of the GBs, including energy, excess volume,

misorientation angles with void nucleation stress are first investigated. Figure 3.5 shows the
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variation of void nucleation stress with GB energy and excess volume. The wide scatter in the data
indicates that no direct correlation exists between void nucleation stress and these two properties.
Therefore, these properties are not sufficient in predicting the spall resistance of the GBs. This is
not surprising since GB energy and excess volume are average properties of the boundary, and
thus not representative of the local boundary structure and properties (repeat units, GB
dislocations, etc) that can have a greater impact on the ability of the GB to plastically deform and
resist spall. This is also in line with previous studies that showed no direct correlation for Cu [54]
and Ta GBs [158].

(a)

(b)

Figure 3.5: Variation of void nucleation stress with (a) GB energy, (b) GB excess volume.
Figure 3.6 shows the variation of GB energy with misorientation angle, with the point
colored based on void nucleation stress. Principal grain orientations, including [110], [111], [112]
and [001] are marked in the plots by arrows based on their misoriention angle with respect to [110].
The GB normal direction tends toward [110] as the misorientation angle tends toward 0°, and
toward [001] as the misorientation angle tends toward 180°. The [111] and [112] lie at a
misorientation angle of 70.53° and 109.47°, respectively. It can be observed that GBs with normal
direction close to [110] (misorientation angle less than 20°), [111] (misorientation angle 70.53°),
[112] (misorientation angle between 109.47°) have much higher void nucleation stress, whereas
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GBs with normal direction close to [001] (misorientation angle close to 180°) have very low void
nucleation stress. The above results are in line with the experimental work on Ta bi-crystal that
shows much higher void nucleation stress for low-angle GBs as compared to high-angle ones
[143]. The presence of these distinct sub-groups with collectively high or low void nucleation
stress indicates a significant role of misorientation angle, although no direct trend is observed here.

Figure 3.6: GB energy as a function of misorientation angle. The points are colored based on void
nucleation stress (GPa). Principal grain orientations, including [110], [111], [112] and [001] are
marked in the plots by arrows based on their misoriention angle with respect to [110]. The GB
normal direction tends toward [110] as the misorientation angle tends toward 0°, and toward [001]
as the misorientation angle tends toward 180°. [111] and [112] lie at a misorientation angle of
70.53° and 109.47°, respectively.

3.4

Role of GB Plasticity
Excess energy is used as a first-order approximation to determine the amount of plastic

deformation in the system right before void nucleation. Previous work has shown that there exists
a direct correlation between the capability of the GB to plastically deform and the resulting void
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nucleation stress in Cu [53]. To see whether such correlations exist for Ta, total excess energy and
plastic excess energy are calculated and plotted as a function of void nucleation stress in Figure
3.7, with the points colored based on misorientation angle. A direct correlation is observed between
the void nucleation stress and total excess energy, as well as plastic excess energy. A high total
excess energy generally leads to a higher void nucleation stress. Moreover, it is also evident from
the bifurcation of the plot that high-angle (red points) GBs follow a different trend as compared to
medium-angle (green points) and low-angle (blue points) GBs. Especially, at the same void
nucleation stress, high-angle GBs show much lower total excess energy. The above bifurcation
indicates possibly different deformation modes for GBs with different misorientation angles.

(a)

(b)

Figure 3.7: Void nucleation stress as a function of (a) total excess energy, (b) plastic excess
energy. The points are colored based on GB misorientation angle (°).
To understand the bifurcation observed in Figure 3.7, 4 representative GBs with a void
nucleation stress of ~ 17 GPa are selected for more detailed analysis: Σ163(1 1 18), Σ33(1 1 8),
Σ41(4 4 3), Σ33(5 5 4). Among these GBs, Σ163(1 1 18) and Σ33(1 1 8) GBs are high-angle GBs
with low total excess energy (~ 0.30 eV/atom), whereas Σ41(4 4 3) and Σ33(5 5 4) GBs are
medium-angle GBs with high total excess energy (~ 0.37 eV/atom). DXA and twinning analysis
are performed on these GBs, as shown in Figure 3.8.
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(a)

(b)

(c)

(d)
Figure 3.8: Snapshots of representative Ta bi-crystals showing the microstructure, and the
twinning and dislocation activity 1 ps before void nucleation event: (a) Σ163(1 1 18), (b) Σ33(1 1
8), (c) Σ41(4 4 3), (d) Σ33(5 5 4). Atoms are colored based on the Euler angle component  (- ~
) that represents their local orientation. The left column shows the entire microstructure, the
middle column shows only the ‘twinned’ atoms identified by twinning analysis, and the right
column shows the line dislocations identified by DXA.
As can be seen from Figure 3.8(a) and 3.8(b), Σ163(1 1 18) and Σ33(1 1 8) GBs show a substantial
amount of twinning and a relatively sparse network of line dislocations in the microstructure. On
the other hand, Σ41(4 4 3) (Figure 3.8(c)) and Σ33(5 5 4) (Figure 3.8(d)) GBs show little twinning
and a dense network of line dislocations in the microstructure. Therefore, the bifurcation observed
in Figure 3.7 is due to the transition of the dominant deformation mechanism from twinning (highangle GBs indicated by red points in Figure 3.7(a)) to screw dislocation plasticity (medium- and
low-angle GBs indicated by green and blue points in Figure 3.7(a)).
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Figure 3.9 shows the variation of void nucleation stress with total excess energy, with the
points colored based on local twin volume fraction. Clearly, the high-angle GBs as observed in
Figure 3.7(a) show much higher twin volume fraction, which demonstrates quantitatively the
transition of deformation mechanisms as seen in Figure 3.8.

Figure 3.9: Void nucleation stress as a function of total excess energy. The points are colored
based on local twin volume fraction.
Therefore, the observed transition in deformation modes is directly related to the
misorientation angle, suggesting the important role played by misorientation angle in the
twinnability of the Ta bi-crystals. To understand this role more clearly, Figure 3.10 shows the
variation of total twin volume fraction (Figure 3.10(a)) and local twin volume fraction (Figure
3.10(b)) with misorientation angle, with the points colored based on void nucleation stress.
Interestingly, the total twin volume fraction increases with misorientation angle. Therefore, the
above result suggests that the overall twinnability in the bulk region for the bi-crystal increases
with misorientation angle. Given that the twinning in bulk region should be mostly affected by
grain orientation only, the above trend should also represent the twinnability of the single-crystal
in the corresponding direction. For the local twin volume fraction, although this trend still holds
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true in general, many more local peaks can be observed. This is not surprising since the twinnabilty
of the local GB region is affected both by the grain orientation and the local GB structure, resulting
in a more complicated variation.

(a)

(b)

Figure 3.10: Variation of (a) total twin volume fraction, (b) local twin volume fraction with
misorientaion angle. The points are colored based on void nucleation stress (GPa).
The observed deformation twins are mostly lath-shaped, consisting of many one or twolayer steps, as shown in Figure 3.11(a). Such steps are typically observed in polycrystalline Ta,
and are believed to be responsible for the self-thickening growth mechanisms of deformation twins
through dislocation reactions at these steps [159]. Moreover, in all the high-angle GBs considered
in this work, activation of multiple twin systems is observed. These twin systems can readily
intersect and cross each other, as has been shown for Ta bi-crystals [145]. Figure 3.11(b) shows
such interaction of two twin bands, which leads to the thinning of twin band 1 and the deviation
of the original twinning plane for twin band 2.
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(a)

(b)

Figure 3.11: Snapshots showing the (a) growth and (b) interaction of deformation twins in Σ99(1
1 14) GB. In (a) propagation of deformation twins is accompanied by the formation of multiple
one or two layer steps, in (b) twin band 1 and 2 intersect and cross each other, resulting in the
deviation of the twinning plane for twin band 1 and thinning of twin band 2. Twin boundaries are
marked by dashed yellow lines, and the orientation of the twin and matrix lattice are marked by
dashed red lines. Atoms are colored based on Euler angle component .
Similarly, the dislocation densities are also evaluated for all the Ta bi-crystals, and plotted
as a function of misorientation angle in Figure 3.12. The trend observed here for the total
dislocation density is opposite to that of the total twin volume fraction. The variation of local
dislocation density shows a more complicated pattern, although it is important to note here the
clustering of low-angle GBs with high dislocation density and void nucleation stress on the left
and high-angle GBs with low dislocation density and void nucleation stress on the right (Figure
3.12(b)). Therefore, the above dislocation and twinning analysis furthermore demonstrate the
transition from dislocation slip dominated plasticity to twinning dominated one as misorientation
angle increases. Additionally, the different trends observed in the variation of the local twin
volume fraction (local dislocation density) as compared to the total twin volume fraction (total
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dislocation density) suggest that local boundary structure also leads to significant variations in the
plastic deformation behavior in its vicinity.

(a)

(b)

Figure 3.12:

Variation of (a) total dislocation density, (b) local dislocation density with

misorientation angle. The points are colored based on void nucleation stress (GPa).
The resulting void nucleation behavior is also affected by the observed deformation modes.
For low- and medium-angle GBs with dislocation slip dominated plasticity, as shown in Figure
3.13(a) and 3.13(b), voids are observed to nucleate at the GB. However, no obvious pattern in void
nucleation sites is observed for these GBs. For high-angle GBs with deformation twinning
dominated plasticity, as shown in Figure 3.13(c) and 3.13(d), voids are observed to initiate at the
twin-GB intersection, as well as at the twin boundary, due to the high stress concentration.
Therefore, the presence of deformation twins provides ample void nucleation sites at twin-GB
intersection as well as the twin boundary itself [160], leading to lower void nucleation stresses for
high-angle GBs as observed above.
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(a)

(b)

(c)

(d)

Figure 3.13: Snapshots of representative Ta bi-crystals showing the microstructure, and the
twinning at the time of void nucleation: (a-b) Σ19(3 3 1), (c-d) Σ51(1 1 10). In (a), (c) atoms are
colored based on Euler angle component  and in (b), (d) atoms are colored based on
centrosymmetry parameter [115].
It is important to note that the above variations in the deformation modes for GBs with
different grain orientation are in line with previous results on BCC single-crystals that suggest
twinning-dominated plasticity for [001] orientation and dislocation slip dominated plasticity for
[110], [111] and [112] orientation [161, 162]. However, as pointed out in previous work, such
competition between deformation twinning and dislocation slip cannot be explained by Schmid
factor [52] and is also dependent on shock pressure. Table 3.2 lists the Schmid factors for 4
representative GBs. For low-angle 73(6 6 1) and high-angle 129(1 1 16) GB, although the
Schmid factors for both slip and twin are very similar, the deformation mode is dominated by
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dislocation slip and deformation twinning, respectively. Therefore, more complicated models that
incorporate the nonplanar nature of the dislocation core in BCC metals are required to explain the
observed trends in this work [58, 132, 163, 164].
Table 3.2: Largest Schmid factors for the dislocation slip and deformation twinning systems, and
the corresponding deformation mode and void nucleation stress for four representative GBs.
GB
73(6 6 1)
3(1 1 1)
3(1 1 2)
129(1 1 16)

3.5

Misorientation
angle (°)
13.44
70.53
109.47
169.90

Schmid
factor - slip
0.43
0.27
0.41
0.43

Schmid
Deformation
factor - twin
mode
0.50
slip
0.31
slip
0.39
slip + twin
0.49
twin

Void Nucleation
Stress (GPa)
18.47
18.70
18.92
15.31

Role of GB Local Structure
The role of GB local structure is examined by quantifying the variability of the void

nucleation stress with respect to the GB phases. This variability is evaluated by the standard
deviation of the void nucleation stresses of different GB structure at the same misorientation angle.
Figure 3.14 shows the variation of the average void nucleation stress for GB phases as a function
of misorientation angle, with the standard deviation indicated by the error bar. Most misorientation
angles show very small standard deviation in the void nucleation stress, whereas for some
misorientation angles the standard deviation is very high. This suggests that the effect of local GB
structure on the resulting void nucleation stress is highly dependent upon the misorientation angle,
and further indicates the importance of taking into account the local structures when examining
the spall resistance of the GBs.
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Figure 3.14: Variation of the average void nucleation stress of different GB phases as a function
of misorientation angle. The error bar indicates the standard deviation of the void nucleation stress
(GPa).

3.6

Comparison with Ta Single-crystal
It is important to put the results of Ta bi-crystals in perspective by comparing it with

previous results on Ta single-crystals. Table 3.3 lists the calculated void nucleation stress and local
twin volume fraction for Ta single-crystal along 4 principal directions: [110], [111], [112] and
[001] reported in [52]. For comparison, the results on 4 Ta bi-crystals: 99(7 7 1), 3(1 1 1), 3(1
1 2) and 163(1 1 18) are also listed. These are the GBs with normal direction same as the singlecrystal direction ([111], [112]), or very close to the single-crystal direction ([110] and [001]) when
there is no corresponding GBs along the same direction. The overall trend in the void nucleation
stress for Ta bi-crystals is in line with the single-crystals, with much higher and similar values for
[110], [111], and [112] direction, and a much lower value for [001] direction, due to the much
higher twin volume fraction. For both single- and bi-crystals, there is a negligible local twin
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volume fraction for [110] and [111] direction. In contrast, along [112] direction, a fair amount of
twinning is observed in the bi-crystal (0.049), whereas there is none in single-crystal.
Table 3.3: Comparison of void nucleation stress and local twin volume fraction between Ta bicrystal and single-crystal.
Singlecrystal
[110]
[111]
[112]
[001]

Void Nucleation
Stress (GPa)
18.7
19.3
18.9
15.0

Twin Volume
Fraction
0
0
0
0.242

Bi-crystal
99(7 7 1)
3(1 1 1)
3(1 1 2)
163(1 1 18)

Void Nucleation
Stress (GPa)
19.25
18.70
18.92
17.08

Twin Volume
Fraction
0.004
0.003
0.049
0.165

(a)

(b)
Figure 3.15: Snapshots of representative Ta bi-crystals showing the microstructure, and the
twinning 1 ps before void nucleation event: (a) Σ3(1 1 2), (b) Σ163(1 1 18). Atoms are colored
same as Figure 3.8. The Σ163(1 1 18) here is a different GB phase from the other Σ163(1 1 18)
shown in Figure 3.8(b).
Figure 3.15(a) shows the snapshots of the (3(1 1 2) bi-crystal and the twinned region in
the microsctructure, where the clustering of twinned region near the GB indicates the role of GB
to induce twinning along [112] orientation. Along the [001] direction, however, the observed local
twin volume fraction for the bi-crystal (0.165) is lower than that of the single-crystal (0.242). This
is most likely due to the presence of GB that serves to hamper the growth and propagation of the
profuse twin bands nucleated in the bulk, as can be seen in Figure 3.15(b). Therefore, comparison
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with Ta single-crystal illustrates the dual-role that GBs play in affecting the twinnability of Ta bicrystals: on the one hand, GBs can induce twin nucleation for low- and medium-angle GBs with
lower twinnability in the bulk, and on the other hand, GBs can hinder twin growth for high-angle
GBs with high twinnability in the bulk.
Figure 3.16(a) reveals one such case where deformation twins are blocked at the GB.
However, a closer examination of the results indicates that, GBs do not necessarily block the
propagation of deformation twins. In some cases, as shown in Figure 3.16(b), deformation twins
can transmit across the GB. This transmission is enabled by the geometric alignment of the (112)
twin plane for the left grain and (112) twin plane for the right grain, due to the symmetric nature
of the GB.

(a)

(b)

Figure 3.16: Snapshots showing the adsorption or transmission of deformation twins across the
GB: (a) Σ33(1 1 8), (b) Σ129(1 1 16). The position of the original GB is marked by dashed purple
lines. Atoms are colored based on Euler angle component .

3.7

Conclusions
MD simulations are performed to study the deformation behavior and spall strength of a

set of 74 Ta bi-crystals, in order to understand the role of GB properties, GB plasticity and GB
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local structure. The spall strengths, as represented by void nucleation stress in this work, are found
to be highly dependent on the misorientation angle: GBs with normal direction close to [110],
[111] and [112] show much higher spall strengths, and GBs with normal direction close to [001]
show much lower spall strengths. No direct correlation was found between GB average properties
including GB energy, excess volume and the spall strength, which emphasizes the importance of
considering local structure and properties of the GB in predicting the spall strengths. Local GB
structures can significantly alter the spall strength of the bi-crystal, and this effect is highly
dependent on the misorientation angle as well. Our results reveal a transition of dominant
deformation modes from screw dislocation based plasticity to deformation twinning, as the
misorientation angle increases for [110] tilt boundaries. The profuse twinning for high-angle GBs
provides additional void nucleation sites at twin-GB intersection and twin boundaries and results
in lower spall strengths. However, as is typical for BCC metals, the observed variation in spall
strengths does not follow Schmid’s law. Comparison with Ta single-crystals indicates that, GBs
have a dual role on the twinnability of the bi-crystals, serving to initiate twinning for low- and
medium-angle GBs, and inhibit twin growth for high-angle GBs. The above findings reveal the
roles of GB structure and property in damage (void) initiation in Ta bi-crystals along [110] tilt
axis, however, additional work is required to investigate how such role would change with tilt axis.
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CHAPTER FOUR

ROLE OF TA SOLID SOLUTION ON THE SPALL FAILURE OF
NANOCRYSTALLINE CU MICROSTRUCTURES

4.1

Introduction
In recent years Cu/Ta alloy microstructures have attracted substantial research interest due

to their render enhanced strengths, strain hardening behavior, creep and fatigue resistance. Such
excellent combination of properties is attributed to the nanoscale grain size of the Cu matrix and a
distribution of varying forms of nanoscale Cu/Ta interfaces. Recent studies have suggested that Ta
can be introduced into Cu matrix as solid solution, nano-clusters, or a combination of both up to a
concentration of 10% [77-79]. It is demonstrated that the grain growth in Cu is suppressed by Ta
addition, which is attributed to the immiscibility and low diffusion rates of Ta in Cu [75, 76, 102].
In addition, Ta addition is responsible for an almost threefold increase in mechanical properties,
well beyond that predicted by Hall–Petch estimates [9]. Despite the remarkable improvements in
the mechanical behavior of the nanocrystalline alloys, the exact role of Cu/Ta interfaces on the
deformation and failure behavior of these materials at high strain rates is still poorly understood.
The dynamic response of these nanocrystalline microstructures under shock compression
is determined by the complex evolution of defect structures such as grain boundaries, dislocations,
stacking faults, and voids, etc. This ability to nucleate and propagate these defect structures is
largely affected by the atomic details of the microstructure (grain size of the metal) and imposed
loading conditions (impact velocities, pressures, temperature, etc.). The understanding of the links
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between alloying concentration, distribution and the shock response and damage tolerance will
provide critical insights for the design of microstructures tailored for impact applications.
Therefore, the focus of this chapter is to investigate the role of concentration and distribution of
FCC/BCC interfaces on the shock response and spall failure behavior using nanocrystalline Cu/Ta
microstructure as a model system. The simulations are carried out for two cases to investigate the
effect of distribution of Ta: Ta atoms distributed along the GBs and Ta atoms distributed randomly
in the Cu matrix. Nanocrystalline Cu with a grain size of 16 nm has been suggested to render a
peak value of the spall strength using MD simulations [45] and hence is chosen as the base material
in this study.

4.2

Computational Methods
The initial nanocrystalline Cu microstructures are created with dimensions of 30 nm x 30

nm x 100 nm and correspond to ~ 8 million atoms using the “Voronoi construction method ” [165].
To investigate the effects of grain size, a nanocrystalline Cu system with an average grain size of
30 nm is also created, with dimensions of 60 nm x 60 nm x 100 nm and corresponding to ~ 32
million atoms. The nanocrystalline Cu/Ta microstructures are created by distributing Ta atoms
randomly in the entire Cu matrix or only at the Cu GBs. This is achieved by substituting either a
grain boundary Cu atom or a randomly chosen Cu atom with a Ta atom in the nanocrystalline Cu
microstructure. To investigate the role of concentration of Ta atoms, Ta concentrations of 3.0%,
6.3%, and 10.0% are used. These concentrations correspond to ~25%, ~50% and ~75% of GB
atoms. Example microstructures of the nanocrystalline Cu and Cu/Ta system with grain boundary
and random Ta distribution at a concentration of 6.3% are shown in Figure 4.1. The atoms are
colored green for FCC stacking, red for stacking faults, yellow for twin faults, light blue for
twinning partials, orange for surface/voids, blue for disordered, and purple for Ta atoms.
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(a)

(b)

(c)
Figure 4.1: Example nanocrystalline microstructures created for the Cu/Ta systems (16 nm grain
size) with (a) 0% (pure nc-Cu), (b) grain boundary distribution of Ta atoms (6.3%), and (c) random
distribution of Ta atoms (6.3%). Atoms are colored in the following way: Cu FCC (green), Cu
stacking faults (red), Cu twin faults (yellow), Cu twinning partials (light blue), Cu disordered
(blue), Cu surface/voids (orange), and Ta atoms (purple).

4.3

Role of Ta Solid Solution Distributed at the GB
The role of Ta concentration on the shock response and spall failure is first investigated for

Ta atoms distributed at the GB by comparing the shock wave propagation, shock pressures
generated and spall strengths of the nanocrystalline Cu/Ta systems with Ta concentrations of 0%
(pure Cu), 3.0%, 6.3%, 10.0%, and a Cu grain size of 16 nm.
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(a)

(b)

(c)

(d)

Figure 4.2: Evolution of pressure along the length of the nanocrystalline Cu system (16 nm grain
size) with (a) 0% (pure Cu), (b) 3.0%, (c) 6.3% and (d) 10.0% Ta distributed at the GB. The
intersecting black arrows indicate the interaction between the reflected tensile wave and the tail of
compressive wave in SIII.
Figure 4.2 shows the temporal evolution of pressure in the system. It can be observed from
Figure 4.2 that the shock velocities and wave interactions are not significantly affected by the
presence of Ta up to a concentration of 6.3% Ta. However, when the Ta concentration is increased
to 10.0%, the peak compressive pressures produced are much lower. The spall strength is
calculated to be 11.50 GPa for pure Cu. This value is increased to 12.07 GPa and 12.26 GPa 3.0%
and 6.3% Ta, respectively. This value, however, is reduced to 8.78 GPa for a Ta concentration of
10.0%, which is much lower than that of pure Cu.
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To understand the effects of Ta on the deformation behavior, the snapshots of the system
showing the distribution of twin faults and twinning partials at the end of the shock pulse (10 ps)
are shown in Figure 4.3. Twinning behavior is of particular interest here as a direct correlation has
been reported between the density of twinning partials and spall strengths for nanocrystalline Cu
microstructures [36]. If can be observed from Figure 4.3 that, with the increase of Ta concentration,
the amount of twin faults and twinning partials nucleated in the microstructure is decreased. This
suggests that the presence of Ta reduces the capability of the nanocrystalline Cu microstructure to
plastically deform by nucleating dislocations.

(a)

(b)

(c)

(d)

Figure 4.3: Snapshots showing the distribution of twin faults and twinning partials at the end of
shock pulse (10 ps) in the nanocrystalline Cu/Ta system (16 nm grain size) for (a) 0% (pure Cu),
(b) 3.0%, (c) 6.3% and (d) 10.0% Ta distributed at the GB. Only the atoms corresponding to twin
faults (yellow), twinning partials (light blue), and surface (orange) are shown here.
To understand the variation of dislocation evolution more quantitatively, the densities of
various types of dislocations are calculated and shown in Figure 4.4. While the pure Cu shows preexisting dislocation density due to the presence of dislocations at the GBs, the initial dislocation
density for the nanocrystalline Cu/Ta systems is observed to decrease with increasing Ta

75

concentration. The pre-existing dislocation densities are tabulated in Table 4.1 for nanocrystalline
Cu/Ta systems in comparison with pure Cu. This reduction is attributed to the presence of Ta atoms
that disrupts the dislocation core structures at the GBs and therefore results in disordered regions
at the GBs. This is evident in the snapshots shown in Figure 4.1(b) for the Cu/Ta system showing
thicker GB regions as compared to the pure Cu in Figure 4.1(a).

(a)

(b)

(c)

(d)

Figure 4.4: Evolution of density of various dislocations in the nanocrystalline Cu/Ta system (16
nm grain size) for (a) 0% (pure Cu), (b) 3.0%, (c) 6.3% and (d) 10.0% Ta distributed at the GB.
The effect of concentration of Ta distributed at the GB on the spall response can be
investigated based on the density of twinning partials in the material at the onset of spallation. The
calculated values for the density of Shockley partials, twinning partials, and Perfect dislocations
at the onset of spallation are tabulated in Table 4.1 for nanocrystalline Cu/Ta microstructures. A
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substantial decrease of density of all types of dislocations is observed for nanocrystalline Cu/Ta
systems. Moreover, the densities of dislocations (including twinning partials) during various stages
are significantly reduced with increasing Ta concentration in the nanocrystalline Cu/Ta systems.
The above observation agrees with the experimentally demonstrated capability of Ta to limit the
capability of twinning of Cu [166]. A reduced dislocation density is expected to result in reduced
spall strengths for Cu microstructures as observed by the correlations between twinning partial
densities and spall strength values [45].
Table 4.1: Calculated values for dislocation densities for nanocrystalline Cu/Ta systems with Ta
distributed along the GB, in comparison with pure Cu for a grain size of 16 nm. The values are
provided for pre-existing dislocation in the equilibrated microstructures as well as at times
corresponding to peak tensile pressures.
Dislocation density (1017/m2)
Initial (preexisting)

Peak tensile
pressure

0%

3.0 %

6.3 %

10.0 %

Perfect

0.68

0.01

0.00

0.00

Shockley

0.54

0.03

0.01

0.01

Twin

0.18

0.01

0.00

0.00

Total

1.46

0.05

0.01

0.01

Perfect

0.12

0.01

0.01

0.01

Shockley

0.72

0.56

0.46

0.42

Twin

0.42

0.37

0.32

0.31

Total

1.34

0.99

0.83

0.77

The calculated spall strength values for the nanocrystalline Cu/Ta systems, however, are
higher for Ta concentrations of 3.0% and 6.3% as compared to that for pure Cu. These results
indicate that, unlike the pure Cu system, the higher spall strength values of the nanocrystalline
Cu/Ta systems are attributed to the limited capability of the microstructure to nucleate dislocations
under shock loading conditions. A peak value is observed at a concentration of 6.3%, whereas a
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higher concentration of 10.0% results in a reduction in the spall strength values. This is likely due
to the generation of Cu/Ta interfaces at the GBs due to the high Ta concentration which that are
weaker and hence susceptible to void nucleation.
Illustrative snapshots demonstrating the modification in the nucleation and growth of voids
due to presence of Ta solute in the nanocrystalline Cu/Ta systems are shown in Figure 4.5. It can
be seen from the snapshots that while the voids are nucleated at the grain boundaries and triple
junctions in pure Cu, the presence of Ta atoms at the GB results in the nucleation of voids inside
the Cu grains in regions near the GB.

(a)

(b)

(c)

(d)

Figure 4.5: Snapshots showing the nanocrystalline Cu/Ta system (16 nm grain size) at the time
of peak tensile pressure for (a) 0% (pure Cu), (b) 3.0%, (c) 6.3% and (d) 10.0% Ta distributed at
the GB. Atoms are colored as described in Figure 4.1.
To understand the effects of Ta on the void nucleation behavior of nanocrystalline Cu,
example snapshots of a 0.5 nm thick section in the nanocrystalline Cu/Ta system with 6.3% Ta at
intermediate times are shown in Figure 4.6. It can be observed that the presence of Ta leads to a
transition in void nucleation site from the GB to the Cu/Ta interface next to the GB, where Ta
atoms are located. Thus, the presence of Ta results in larger disordered regions at the GB that serve
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as void nucleation sites under the tri-axial tensile stresses, as observed for bi-metal alloy systems
[98, 99, 167, 168].

(a)

(b)

(c)

(d)

Figure 4.6: Snapshots illustrating void nucleation and growth in nanocrystalline Cu/Ta system
(16 nm grain size) with 6.3% Ta distributed at the GB, at a time of (a) 29 ps, (b) 30 ps, (c) 31 ps
and (d) 32 ps. Atoms are colored as described in Figure 4.1.
The evolution of number and volume fraction of voids as a function of time as plotted in
Figure 4.7. As the wave propagation behavior is not altered by the presence of Ta up to a
concentration of 6.3%, the nucleation of voids is observed to occur at the same time (~28 ps) for
all the cases, although a slight delay is observed at 10.0% Ta. The evolution of damage (void
fraction) comprises of a “nucleation stage” wherein the number of voids nucleated continues to
increase to reach a peak value, and a “coalescence stage” wherein the growth is attributed to

79

coalescence of existing voids. The presence of Ta at the GB increases the peak number of voids
nucleated and results in a slightly delayed rate of coalescence as shown in Figure 4.7(a). The rate
of evolution of void fraction, as shown in Figure 4.7(b) is also observed to be slightly slower with
increasing Ta concentration.

(a)

(b)

Figure 4.7: Evolution of (a) number of voids (NV) and (b) void volume fraction (FV) of
nanocrystalline Cu/Ta systems (16 nm grain size) with Ta distributed at the GB.
The number and volume fraction of voids at a time corresponding to peak number of voids
along with the rate of evolution of void fraction for the four cases discussed here are listed in Table
4.2. It can be seen that the number of voids at the time of peak tensile pressure is much higher for
the nanocrystalline Cu/Ta system, although it does not vary significantly with Ta concentration.
The volume fraction of voids, however, is significantly lower. A slight decrease in void growth
rate can also be seen in here. Thus, the average size of voids nucleated in the nanocrystalline Cu/Ta
system is much smaller than that of pure Cu. Such obervation is in agreement with that reported
for Cu/Pb system [98]. Moreover, the preferential void nucleation at the Cu side of the Cu/Ta
interface is also in agreement with that observed in Cu/Ag system, where Ag side provides void
nucleation sites [100]. Therefore, in a bi-phase alloy system, the presence of bi-metal interfaces
tends to provide preferential void nucleation sites, resulting in the nucleation of a greater number
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of smaller voids at the weaker phase near the bi-metal interface (Ag side for Cu/Ag system, and
Cu side for Cu/Ta system).
Table 4.2: Variation in peak void number and the corresponding volume fraction, as well as the
rate of evolution of void fraction for nanocrystalline Cu/Ta systems with Ta distributed along the
GB and randomly, in comparison with pure Cu for a grain size of 16 nm. The void fraction
evolution rates are calculated by taking its average increase per ps within 10 ps after the peak void
number.
Distribution
GB
distribution

Random
distribution

Concentration

0%

3.0 %

6.3 %

10.0 %

Void number

405

579

504

522

Void fraction

1.48 %

1.26 %

0.46 %

0.80 %

Growth rate (ps-1)

0.0121

0.0117

0.0116

0.0109

Void number

405

843

1445

1624

Void fraction

1.48 %

1.90 %

1.54 %

0.89 %

Growth rate (ps-1)

0.0121

0.0119

0.0114

0.0113

These results demonstrate that the presence of Ta distributed at the GB in nanocrystalline
Cu microstructure affects the capability of the metal to deform as well as the capability to nucleate
and grow voids during shock loading and spall failure. The peak spall strengths are observed for
Ta concentrations of 6.3% for Ta distributed at the GB, whereas a higher concentration of 10.0%
results in significant decrease in spall strength.

4.4

Role of Ta Solid Solution Distributed Randomly
The role of Ta concentration and distribution on the shock response and spall failure is

also investigated for randomly distributed Ta atoms in nanocrystalline Cu with concentrations of
3.0%, 6.3%, 10.0% by comparing the shock wave propagation, shock pressures and spall strengths.
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A comparison of the temporal evolution of pressure in the system demonstrates the role
of randomly distributed Ta atoms on the shock wave propagation behavior in Figure 4.8. The peak
compression pressures produced are observed to be higher than the pure Cu as well as
nanocrystalline Cu/Ta system with Ta distributed at the GB. The spall strength value for pure Cu
with a grain size of 16 nm (11.50 GPa) is observed to increase to 12.35 GPa and 12.39 GPa for
3.0% and 6.3% Ta, respectively, and decrease slightly to 12.06 GPa for 10.0% Ta.

(a)

(b)

(c)

(d)

Figure 4.8: Evolution of pressure along the length of the nanocrystalline Cu system (16 nm grain
size) with (a) 0% (pure Cu), (b) 3.0%, (c) 6.3% and (d) 10.0% Ta distributed randomly.
These spall strength values are higher than that predicted for GB Ta distribution and
suggest that a random distribution of Ta as solute renders higher damage resistance to the
microstructure. Such trend is opposite to what Fensin et al. reported for Cu/Pb system, where the
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presence of 1% Pb results in a ~35% decrease in spall strength [98]. Therefore, the presence of a
secondary stronger phase (Ta) in this work strengthen the Cu microstructure, whereas a secondary
weaker phase (Pb) weakens the Cu microstructure.
The snapshots of the system showing the distribution of twin faults and twinning partials
at the end of the shock pulse (10 ps) are presented in Figure 4.9. While the pure Cu can
accommodate plastic deformation through the nucleation of twin faults and twinning partials, the
randomly distributed Ta atoms greatly limit this capability. In particular, the widths of the twin
faults are observed to be much smaller for the higher concentrations of Ta, indicating that the
propagation of twin faults is significantly halted by the presence of Ta on the slip planes.

(a)

(b)

(c)

(d)

Figure 4.9: Snapshots showing the distribution of twin faults and twinning partials at the end of
shock pulse (10 ps) in the nanocrystalline Cu/Ta system (16 nm grain size) for (a) 0% (pure Cu),
(b) 3.0%, (c) 6.3% and (d) 10.0% Ta distributed randomly. Only the atoms corresponding to twin
faults (yellow), twinning partials (light blue), and surface (orange) are shown here.
The evolution of densities of various types of dislocations are shown in Figure 4.10. These
plots suggest that the capability of the metal to deform by nucleation of dislocations is reduced
with increasing Ta distribution. Such a defect-starved microstructure therefore renders higher spall
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strengths in comparison to pure Cu wherein the twinning partial densities determine the values for
spall strength. The calculated values of pre-existing dislocation densities as well as at the onset of
spallation are tabulated in Table 4.3 for the nanocrystalline Cu/Ta systems in comparison with
pure Cu.

(a)

(b)

(c)

(d)

Figure 4.10: Evolution of density of various dislocations in the nanocrystalline Cu/Ta system (16
nm grain size) for (a) 0% (pure Cu), (b) 3.0%, (c) 6.3% and (d) 10.0% Ta distributed randomly.
Illustrative snapshots showing the nucleation and growth of voids in the nanocrystalline
Cu/Ta systems with randomly distributed Ta atoms are presented in Figure 4.11. The number,
volume fraction as well as the rate of evolution of void fraction are listed in Table 4.2. While the
voids are nucleated at GBs and triple junctions in pure Cu, the presence of Ta results in nucleation
of a larger number of smaller voids inside the Cu grains in regions with the Ta atoms. The above
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observation is also evident in the evolution of number of voids and void fraction as a function of
time as plotted in Figure 4.12. A significantly larger number of voids are nucleated in the presence
of Ta atoms whereas the evolution of void fraction is observed to be similar. This suggests that the
Ta atoms at the GB and grain interior create disordered regions in the surrounding Cu that become
weak sites for nucleation of voids. Such sites increase with Ta concentration and hence the number
of voids nucleated also increases with Ta concentration for randomly distributed Ta in Cu
microstructures.

(a)

(b)

(c)

(d)

Figure 4.11: Snapshots showing the nanocrystalline Cu/Ta system (16 nm grain size) at the time
of peak tensile pressure for (a) 0% (pure Cu), (b) 3.0%, (c) 6.3% and (d) 10.0% Ta distributed
randomly. Atoms are colored as described in Figure 4.1.
These results demonstrate that the presence of randomly distributed Ta atoms in the
nanocrystalline Cu microstructure is more effective in rendering higher values of spall strengths
as compared to Ta atoms distributed at the GB. The higher spall strength values are obtained by
limiting the capability of the metal to deform through nucleation and evolution of faults and
creation of a defect starved microstructure.
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Table 4.3: Calculated values for dislocation densities for nanocrystalline Cu/Ta systems with Ta
distributed randomly, in comparison with pure Cu for a grain size of 16 nm.
Dislocation density (1017/m2)

0%

3.0 %

6.3 %

10.0 %

Perfect

0.68

0.24

0.04

0.01

Shockley

0.54

0.36

0.24

0.40

Twin

0.18

0.11

0.05

0.02

Total

1.46

0.73

0.34

0.43

Perfect

0.12

0.06

0.01

0.00

Shockley

0.72

0.67

0.18

0.01

Twin

0.42

0.24

0.04

0.00

Total

1.34

1.01

0.24

0.01

Initial (preexisting)

Peak tensile
pressure

(a)

(b)

Figure 4.12: Evolution of (a) number of voids (NV) and (b) void volume fraction (FV) of
nanocrystalline Cu/Ta systems (16 nm grain size) with Ta distributed randomly.

4.5

Effects of Cu Grain Size
The above results demonstrate the strenghening capcbilities of Ta solute in a

nanocrystalline Cu with a grain size of 16 nm. It is however not clear if such effect of Ta is also
observed for larger grain sizes. To test this, shock loading and spall simulations are are further
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performed for nanocrystalline Cu and Cu/Ta system with 3.0%, 6.3% and 10.0% Ta with random
distribution, at a Cu grain size of 30 nm. Spall strength for pure Cu is 10.44 GPa, much lower than
that of the 16 nm grain size (11.50 GPa). However, in the presence Ta solute, the spall strength
increases to 11.37 GPa, 11.97 GPa and 11.90 GPa for Ta concentrations of 3.0%, 6.3% and 10.0%,
respectively.
Table 4.4: Variation of the spall strengths of nanocrystalline Cu/Ta alloys with Ta distributed
along the GB and randomly, in comparison with pure Cu for a grain size of 16 nm and 30 nm. For
nanocrystalline Cu/Ta alloys, numbers in the parenthesis represent the change in percentages as
compared to pure Cu.
Distribution

0%

3.0 %

6.3 %

10.0 %

16 nm, GB distribution

11.50

12.07 (5 %)

12.26 (7 %)

8.78 (-24 %)

16 nm, random distribution

11.50

12.35 (7 %)

12.39 (8 %)

12.06 (5 %)

30 nm, random distribution

10.44

11.37 (9 %)

11.97 (15 %) 11.90 (14 %)

A comparison of the values of the spall strength of the nanocrystalline Cu and Cu/Ta
systems are listed in Table 4.4 and plotted in Figure 4.13 for all the systems considered here.
Randomly distributed Ta has a much more pronounced strengthening effect (as indicated by the
increase in spall strengths) for the 30 nm grain sized Cu as compared to the 16 nm grain sized Cu.
This suggests that, decrease in spall strength from Hall-Petch effects at the larger grain sizes can
be counterbalanced to a large extent by the strengthening effect of Ta. While peak values for the
spall strengths are observed for a concentration of 6.3% Ta, additional work is necessary to identify
the variations in values based on concentration of Ta.
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Figure 4.13: Variation of the spall strengths of nanocrystalline Cu and Cu/Ta systems with Ta
solute distributed along the GB or randomly in the microstructure.

4.6

Conclusions
The role of distribution and concentration of Ta solute as atoms on the shock response and

spall failure of nanocrystalline Cu microstructures is investigated here using MD simulations. The
effect of concentration is investigated by considering concentrations of 3.0%, 6.3% and 10.0% Ta
atoms and the effect of distribution is investigated by considering Ta atoms distributed at the GBs
as well as randomly. The results discussed here indicate that the presence of Ta affects the
capability of the nanocrystalline metal to nucleate defects (dislocations) as well as the mechanisms
to nucleate voids in the alloy microstructure. As compared to pure Cu, wherein the spall strength
is directly correlated with the density of twinning partials in the material, the presence of Ta atoms
reduces the capability to nucleate these defects and renders higher spall strength values in a defect
starved microstructure. This capability to starve the microstructure of defects is observed to be
highest for a concentration of 6.3% Ta randomly distributed in the microstructure and hence
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renders highest spall strength values for a grain size of 16 nm among all the simulations considered
here. This effectiveness of Ta to increase the spall response of the metal is observed to be more
pronounced at a grain size of 30 nm as compared to that for a 16 nm grain sized Cu and suggests
that further simulations need to be carried out to identify the optimum combination of
concentration and distribution of Ta and the grain size of the Cu matrix phase. The role of Ta solute
as nano-clusters in the nanocrystalline Cu microstructures will be the topic of the next chapter.
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CHAPTER FIVE

ROLE OF TA NANO-CLUSTERS ON THE SPALL FAILURE OF
NANOCRYSTALLINE CU MICROSTRUCTURES

5.1

Phase Stability of Ta Clusters in Cu Matrix
The Cu/Ta interface morphology due to the presence of Ta clusters in the FCC and BCC

phase and related phase stability is investigated first, to determine the phase of Ta clusters more
thermodynamically stable in the Cu microstructure.
The phase stability of Ta clusters in Cu matrix is investigated by embedding a spherical
Ta cluster (either FCC or BCC) in a single crystal Cu and computing the formation energy of the
resulting FCC/FCC or FCC/BCC Cu/Ta interface. A spherical region (void) with the desired
diameter is cut out from a single crystal Cu cube with dimensions of ~20 nm x 20 nm x 20 nm.
For the creation of FCC/FCC Cu/Ta interface, a sphere of single crystal Ta (with a lattice constant
of 4.24 Å) with the desired diameter oriented in the same direction as the Cu matrix is embedded
in the as-cut void. Similarly, the FCC/BCC Cu/Ta interface is constructed by embedding a BCC
Ta cluster with the desired diameter in the as-cut void in Cu. Several orientations were investigated
for the orientation of the BCC Ta clusters relative to the Cu matrix and the computed formation
energies suggest negligible change in the relaxed Cu/Ta interface structure and formation energy.
As a result, a random orientation of the BCC Ta clusters is chosen in the Cu matrix for all the
simulations considered here. The systems are created for both types of Ta clusters with a diameter
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ranging from 1 nm to 9 nm to investigate the effect of size of the cluster on the structure and
stability of the Ta phase in the Cu matrix.
A sectional view of the relaxed structures of the embedded FCC and BCC Ta clusters with
diameters of 3 nm is shown in Figure 5.1(a) and 5.1(c), respectively. The FCC Cu atoms are
removed to visualize the interface structure as a result of the strains at the interface. The atoms are
colored light green for FCC Cu, green for stacking faults, yellow for twin faults, light blue for
twinning partials, orange for surface atoms, blue for disordered atoms, and red for Ta atoms. The
relaxed interface structure for both FCC and BCC Ta clusters creates a disordered region at the
interface between the Cu matrix and the Ta cluster, accompanied by the emission of stacking faults
in Cu from the interface as shown in Figure 5.1(b) and 5.1(d). This disordered region is similar in
size for FCC/FCC or FCC/BCC interfaces between Cu and Ta.

(a)

(b)

(c)

(d)

Figure 5.1: Front and back view of the relaxed structure: (a)-(b) FCC Ta cluster, (c)-(d) BCC Ta
cluster. (a), (c) show the front view, and (b), (d) show the back view. FCC Cu atoms are removed
for visualizing the interface morphology and only half of the Ta cluster is shown to reveal its
spherical cross-section. Atoms are colored red for Cu stacking fault, blue for disordered atoms,
and purple for Ta atoms.
The stability of FCC and BCC Ta clusters for varying sizes in a Cu matrix is investigated
based on the formation energy of the Ta cluster (𝛾𝑓 ), calculated as the excess energy per Ta atom
for the FCC and BCC Ta clusters as
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𝛾𝑓 =

𝑜
𝑜
(𝐸𝑠𝑦𝑠 −𝑁𝐶𝑢 𝐸𝐶𝑢
−𝑁𝑇𝑎 𝐸𝑇𝑎
)

𝑁𝑇𝑎

(5.1)

Here, 𝐸𝑠𝑦𝑠 is the total energy of the system that comprises of the Cu matrix and the Ta cluster, 𝑁𝐶𝑢
𝑜
𝑜
and 𝐸𝐶𝑢
are the number and the cohesive energy of Cu atoms in FCC phase, and 𝑁𝑇𝑎 and 𝐸𝑇𝑎
are

the number and cohesive energy of Ta atoms in BCC phase. The comparison of calculated 𝛾𝑓 as
a function of the cluster diameter for FCC and BCC Ta clusters embedded in Cu is plotted in
Figure 5.2. For the case of BCC Ta clusters, three random orientations are included in this plot and
suggest that 𝛾𝑓 values are very close for BCC Ta clusters irrespective of the orientation with respect
to the Cu matrix. This suggests that from an energetic point of view there exists no preferential
orientation relationship between BCC Ta clusters and Cu matrix, in agreement with experimental
observation [81]. The formation energy for Ta clusters suggests that for cluster diameters the FCC
Ta clusters have a lower energy at a diameter of 3 nm and lower, whereas, the BCC Ta clusters
have a lower energy at the larger diameters. This also confirms the experimental observation of
small FCC Ta clusters in the Cu matrix [81]. Additionally, the calculated 𝛾𝑓 values for Ta clusters
are much lower than that of the Ta solid solution case (~ 2 eV/atom), indicating the thermodynamic
tendency of Ta atoms to segregate and form clusters in single crystal Cu. Therefore, smaller Ta
clusters, with diameters less than 3 nm are thermodynamically more stable in FCC phase and is
chosen for this study.
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Figure 5.2: Variation of the formation energy (eV/atom) as a function of the diameter for FCC
Ta cluster, and BCC Ta cluster with three random orientations.

5.2

Role of Ta Nano-Clusters on Spall Failure
For constructing initial nanocrystalline Cu/Ta systems with Ta clusters, a random

distribution of spherical FCC Ta clusters is introduced by substituting randomly chosen Cu spheres
in the nanocrystalline Cu microstructure. Ta cluster diameters of ~ 3 nm (ranging from 2 nm to 4
nm in diameter) and ~ 1 nm (ranging from 0 nm to 2 nm in diameter) are considered. The initial
nanocrystalline Cu and Cu/Ta systems with FCC and BCC Ta clusters are shown in Figure 5.3(a),
(c) and (e), respectively and the corresponding distribution of the various defects (faults and
dislocations) and Ta clusters is shown in Figure 5.3(b), (d) and (f). The pre-existing dislocation
densities of Perfect dislocations, Shockley partials and twinning partials are tabulated in Table 4.1
for these initial structures.
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Table 5.1: Calculated values for dislocation densities for nanocrystalline Cu and Cu/Ta systems
(16 nm Cu grain size) with FCC and BCC Ta clusters, at an overall concentration of 6.3% and an
average diameter of 3 nm. The values are provided for pre-existing dislocation in the equilibrated
microstructures as well as at times corresponding to the end of shock pulse and spallation (peak
tensile pressure).
Dislocation density (1017/m2)

Initial
(pre-existing)

End of shock
pulse

Spallation (Peak
tensile pressure)

Cu

Cu/FCC Ta

Cu/BCC Ta

Perfect

0.68

0.57

0.41

Shockley

0.54

0.55

0.30

Twin

0.18

0.10

0.09

Total

1.46

1.30

0.83

Perfect

0.44

0.34

0.26

Shockley

1.19

0.76

0.61

Twin

0.72

0.26

0.26

Total

2.51

1.47

1.22

Perfect

0.12

0.06

0.05

Shockley

0.72

0.51

0.44

Twin

0.42

0.24

0.21

Total

1.34

0.87

0.76

The numbers suggest a drop in the densities of all types of dislocations for the
nanocrystalline Cu/Ta systems as compared to the pure Cu (except for the density of Shockley
partials, which is slightly higher for nanocrystalline Cu/Ta with FCC Ta clusters). The increased
density of Shockley partials is attributed to the creation of additional stacking faults at the Cu/Ta
interfaces due to the presence of FCC Ta clusters. For the case of BCC clusters, however, Shockley
partials density is found to be lower. The decrease in dislocation densities is observed to be much
more significant for the case of BCC Ta clusters than the FCC Ta clusters. In addition, the decrease
in density of twinning partials in the presence of FCC and BCC Ta clusters, is in agreement with
the experimental observation reported in the literature [166].

94

(a)

(b)

(c)

(d)

(e)

(f)

Figure 5.3: Initial nanocrystalline Cu/Ta systems (16 nm grain size): (a)-(b) pure Cu, and
nanocrystalline Cu/Ta systems with (c)-(d) FCC Ta clusters and (e)-(f) BCC Ta clusters, at an
overall concentration of 6.3% and average diameter of 3 nm. Left panels (a), (c), (e) show the
entire microstructure, and the right panels (b), (d), (f) show the microstructure with FCC and
disordered Cu atoms removed. Atoms are colored green for Cu FCC stacking, red for stacking
fault, yellow for twin faults, light blue for twinning partials, blue for disordered atoms, purple for
Ta atoms, and orange for surface/voids.
The temporal evolution of pressure in the system is shown in Figure 5.4 for nanocrystalline
Cu and Cu/Ta systems with FCC and BCC Ta clusters. A comparison of the shock velocity, peak
compressive pressure and spall strength is provided in Table 5.2. The calculated shock velocity
and peak compressive pressures are very similar for all cases, indicating that presence of Ta
clusters results in very little modifications in wave propagation and interactions in the
microstructure.
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Table 5.2: Peak compressive pressure, shock velocity and spall strength of nanocrystalline Cu
and Cu/Ta systems (16 nm Cu grain size) with FCC and BCC Ta clusters, at an overall
concentration of 6.3%.
System
Cu
Cu/Ta: 3nm FCC Ta cluster
Cu/Ta: 3 nm BCC Ta cluster

(a)

Peak compressive
pressure (GPa)
56.24
55.17
55.35

(b)

Shock velocity
(km/s)
5.43
5.30
5.31

Spall strength
(GPa)
11.50
11.46
11.15

(c)

Figure 5.4: Pressure profile of the nanocrystalline Cu/Ta systems (16 nm grain size): (a) pure Cu,
and Cu/Ta systems with (b) FCC Ta clusters, (c) BCC Ta clusters, at an overall concentration of
6.3% and average diameter of 3 nm.
To further understand the shock propagation and spall behavior, snapshots of nanocrystalline
Cu and Cu/Ta systems with FCC and BCC Ta clusters at the end of shock pulse (10 ps) are shown
in Figure 5.5(a), (c) and (e), respectively. These snapshots do not reveal formation of any defects
in the Ta clusters and most of the deformation is observed in the Cu matrix. At a time
corresponding to peak tensile pressure (30 ps) i.e. at the onset of spallation as shown in Figure
5.5(b), (d) and (f), voids nucleate at the GBs mostly in Cu, whereas voids nucleate at the Cu GBs
and in regions at the Cu/Ta interfaces in nanocrystalline Cu/Ta systems that act as weak links for
void nucleation and incipient failure. However, no change is observed in the width of the spall
plane (region containing the voids) for the nanocrystalline Cu/Ta systems as compared to Cu. As
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a result, although there are small variations in the spall strength values (increase for FCC clusters,
and decrease for BCC clusters), the presence of Ta clusters does not significantly alter the spall
behavior of nanocrystalline Cu/Ta systems.

(a)

(b)

(c)

(d)

(e)

(f)

Figure 5.5: Snapshots of the nanocrystalline Cu/Ta systems (16 nm grain size) at the time of peak
tensile pressure: (a)-(b) pure Cu, and Cu/Ta systems with (c)-(d) FCC Ta clusters and (e)-(f) BCC
Ta clusters, at an overall concentration of 6.3% and average diameter of 3 nm. Left panels (a), (c),
(e) show the microstructure at the end of shock pulse (10 ps) and right panels (b), (d), (f) at a time
corresponding to peak tensile pressure (30 ps). Atoms are colored as described in Figure 5.3.
The evolution of densities of various types of dislocations are quantified and plotted Figure
5.6. The plots suggest a reduced rate of dislocation nucleation during SI and SII for the
nanocrystalline Cu/Ta microstructures in the presence of Ta clusters as compared to pure Cu. This
reduction in dislocation density is attributed to the capability of Ta clusters to impede the
nucleation and propagation of dislocations under shock loading. Although the nucleation rate is
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higher for BCC Ta clusters as compared to that for FCC Ta clusters, the lower pre-existing
dislocation densities results in lowest dislocation densities at the end of the shock pulse for
nanocrystalline Cu/Ta with BCC clusters and highest values for pure Cu, as tabulated in Table 5.1.
Similarly, the reduction in dislocation densities at the onset of spallation is observed to be not as
significant as that for pure Cu. Therefore, although the presence of Ta clusters modifies the
nucleation and evolution of dislocation densities, as well as provides additional void nucleation
sites for spallation, it renders very little impact on the spall behavior of pure Cu for a chosen
concentration of 6.3% Ta. This is different in contrast to Ta in solid solution in the Cu matrix for
the same concentration that renders an increase of nearly 1 GPa (8% increase) than the pure Cu
[169].

(a)

(b)

(c)

Figure 5.6: Evolution of density of various dislocations in the nanocrystalline Cu/Ta systems (16
nm grain size): (a) pure Cu, and Cu/Ta systems with (b) FCC Ta clusters, (c) BCC Ta clusters, at
an overall concentration of 6.3% and average diameter of 3 nm.

5.3

Effects of Concentration of Ta Nano-Clusters
The effects of concentration of Ta clusters is further investigated for FCC Ta clusters, as

the FCC clusters are more energetically favorable at a diameter of 3 nm and lower as discussed
above. The effect of concentration is investigated for Ta concentrations of 3.0%, 6.3% and 10.0%.
The pre-existing dislocation densities of these initial microstructures are tabulated in Table 5.3. It
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can be seen from these tabulated values that a higher Ta concentration leads to a decrease in the
density of Perfect dislocations and increase in Shockley partials, and no substantial change in
twinning partials. The total dislocation density is observed to be the lowest at a concentration of
3.0%.
Table 5.3: Calculated values for dislocation densities nanocrystalline Cu and Cu/Ta systems (16
nm grain size) with FCC Ta clusters with average diameter of 3 nm. The values are provided for
pre-existing dislocation in the equilibrated microstructures as well as at times corresponding to the
end of shock pulse and peak tensile pressure.
Dislocation density (1017/m2)

0%

3.0%

6.3%

10.0%

Perfect

0.68

0.59

0.57

0.48

Shockley

0.54

0.44

0.55

0.66

Twin

0.18

0.09

0.10

0.10

Total

1.46

1.18

1.30

1.31

Perfect

0.44

0.33

0.34

0.30

Shockley

1.19

0.75

0.76

0.75

Twin

0.72

0.30

0.26

0.24

Total

2.51

1.49

1.47

1.39

Perfect

0.12

0.07

0.06

0.06

Shockley

0.72

0.56

0.51

0.46

Twin

0.42

0.28

0.24

0.19

Total

1.34

0.97

0.87

0.77

Initial
(pre-existing)

End of shock
pulse

Spallation (Peak
tensile pressure)

The pressure profile for the nanocrystalline Cu/Ta system with Ta cluster concentrations
of 3.0%, 6.3% and 10.0% are shown in Figure 5.7. The wave propagation and the spall strengths
are very similar for the range of concentrations considered here. This suggests that the increase in
Ta cluster concentration does not significantly increase (≤ 1%) the spall strength values.
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(a)

(b)

(c)

(d)

Figure 5.7: Pressure profile of the nanocrystalline Cu/Ta systems (16 nm grain size) with FCC
Ta clusters at an overall concentration of (a) 0% (pure Cu), (b) 3.0%, (c) 6.3% and (d) 10.0%, and
an average diameter of 3 nm.
Illustrative snapshots of the microstructure at the end of shock pulse (10 ps) are shown in
Figure 5.8. The left images show the entire microstructure and the right images show the twin
faults, twinning partials, and surface atoms only. Figure 5.8 clearly reveals the formation of twin
faults with much smaller widths with the increase in Ta concentration in the system. Therefore,
the propagation of twin faults is severely blocked by the presence of Ta clusters distributed in the
microstructure.
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(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

Figure 5.8: Snapshot of the nanocrystalline Cu/Ta systems (16 nm grain size) at the end of shock
pulse (10 ps), with FCC Ta clusters at an overall concentration of (a)-(b) 0% (pure Cu), (c)-(d)
3.0%, (e)-(f) 6.3% and (g)-(h) 10.0%, and an average diameter of 3 nm. Left panels (a), (c), (e),
(g) show the entire microstructure, and the right panels (b), (d), (f), (h) show the atoms
corresponding to twin faults, twinning partials, and surfaces. Atoms are colored as described in
Figure 5.3.
Illustrative snapshots of the microstructure at a time corresponding to the onset of
spallation (30 ps) are shown in Figure 5.9. With the increase in Ta concentration, more voids are
observed in the microstructure at onset of spallation. The failure of the system occurs at the same
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set of Cu GBs and results in similar widths of the spall plane. The increase in the number of Ta
clusters with concentration creates a larger distribution of Cu/Ta interfaces in the microstructure
and hence a larger number of potential sites for void nucleation.

(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

Figure 5.9: Snapshot of the nanocrystalline Cu/Ta systems (16 nm grain size) at the time of peak
tensile pressure, with FCC Ta clusters at an overall concentration of (a)-(b) 0% (pure Cu), (c)-(d)
3.0%, (e)-(f) 6.3% and (g)-(h) 10.0%, and an average diameter of 3 nm. Left panels (a), (c), (e),
(g) show the entire microstructure, and the right panels (b), (d), (f), (h) show the atoms
corresponding to twin faults, twinning partials, and surfaces. Atoms are colored as described in
Figure 5.3.
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The evolution of the number and volume fraction of voids are shown in Figure 5.10. Since
the void fraction is not affected by the Ta concentrations, it can be concluded that a higher
concentration of Ta results in nucleation of a larger number of smaller voids at the onset of
spallation (peak tensile pressure corresponds to peak number of voids, i.e. 30 ps).

(a)

(b)

Figure 5.10: Evolution of (a) number of voids (NV) and (b) void volume fraction (FV) of
nanocrystalline Cu/Ta systems (16 nm grain size) with FCC Ta clusters at an overall concentration
of 0% (pure Cu), 3.0%, 6.3% and 10.0%, and an average diameter of 3 nm.

5.4

Effects of Size of Ta Nano-Clusters
The effect of the size of FCC Ta clusters is investigated by considering FCC Ta clusters

with an average size of 1 nm, ranging from 0 - 2 nm in diameter. This size range also includes Ta
solute atoms and the systems are created with Ta concentrations of 3.0%, 6.3% and 10.0%. The
pre-existing dislocation densities of these initial microstructures are tabulated in Table 5.4. The
observed increase/decrease in dislocation densities is more significant as compared to that for the
larger cluster size (3 nm). While the total dislocation density is the lowest at a concentration of
3.0% for the 3 nm cluster size, the 1 nm clusters suggest the lowest dislocation densities for a
concentration of 10.0%.
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Table 5.4: Calculated values for dislocation densities nanocrystalline Cu and Cu/Ta systems (16
nm grain size) with FCC Ta clusters with average diameter of 1 nm. The values are provided for
pre-existing dislocation in the equilibrated microstructures as well as at times corresponding to the
end of shock pulse and peak tensile pressure.
Dislocation density (1017/m2)

0%

3.0%

6.3%

10.0%

Perfect

0.68

0.47

0.30

0.19

Shockley

0.54

0.57

0.68

0.65

Twin

0.18

0.09

0.09

0.07

Total

1.46

1.16

1.11

0.94

Perfect

0.44

0.30

0.20

0.12

Shockley

1.19

0.78

0.74

0.60

Twin

0.72

0.28

0.21

0.16

Total

2.51

1.45

1.23

0.95

Perfect

0.12

0.06

0.05

0.03

Shockley

0.72

0.57

0.48

0.35

Twin

0.42

0.23

0.18

0.10

Total

1.34

0.92

0.75

0.52

Initial
(pre-existing)

End of shock
pulse

Spallation (Peak
tensile pressure)

At this size, no noticeable changes are observed in the shock propagation profiles either,
as seen in Figure 5.11. For the same concentration, a smaller Ta cluster size corresponds to a larger
number of Ta clusters per grain in the microstructure, and a smaller average spacing between the
clusters. For example, at a concentration of 6.3%, there are now ~136 Ta clusters distributed per
Cu grain and an average spacing of 3.2 nm, as compared to ~9 Ta clusters with an average spacing
of 7.8 nm for an average Ta cluster size of 3 nm. The larger number of Cu/Ta interfaces further
reduces the pre-existing dislocation densities, as listed in Table 5.4, and provides more obstacles
to the propagation of dislocations under shock loading conditions.
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(a)

(b)

(c)

(d)

Figure 5.11: Pressure profile of the nanocrystalline Cu/Ta systems (16 nm grain size) with FCC
Ta clusters at an overall concentration of (a) 0% (pure Cu), (b) 3.0%, (c) 6.3% and (d) 10.0%, and
an average diameter of 1 nm.
Snapshots of the microstructure at the time of peak tensile pressure is shown in Figure 5.12.
As can be seen, the presence of Cu/Ta interfaces results in a greater number of potential sites for
void nucleation. The calculated values for spall strengths for Ta concentrations of 3.0%, 6.3% and
10.0%, are 11.61 GPa, 11.81 GPa and 11.96 GPa, respectively. Thus, a smaller cluster size of 1
nm results in the highest value for the spall strength at a concentration of 10.0% Ta. This increase
in spall strength is attributed to the significantly reduced dislocation density in the spall region
experiencing the peak tensile pressures. Thus, the higher spall strengths are related to the limited
capability of the microstructure to nucleate and propagate dislocations under tensile pressures as
observed for the case of Ta in solid solution in nanocrystalline Cu microstructure. The smaller
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sizes of Ta clusters and the larger number of clusters per Cu grain limit this capability of the
microstructure to the maximum and hence render higher spall strength values.

(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

Figure 5.12: Snapshots of the nanocrystalline Cu/Ta systems (16 nm grain size) at the time of
peak tensile pressure, with FCC Ta clusters at an overall concentration of (a)-(b) 0% (pure nc-Cu),
(c)-(d) 3.0%, (e)-(f) 6.3% and (g)-(h) 10.0%, and an average diameter of 1 nm. Left panels (a), (c),
(e), (g) show the entire microstructure, and the right panels (b), (d), (f), (h) show the atoms
corresponding to twin faults, twinning partials, and surfaces. Atoms are colored as described in
Figure 5.3.
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The evolution of the number and volume fraction of voids is shown in Figure 5.13.
Apparently, a higher Ta concentration results in nucleation of larger number of smaller voids.

(a)

(b)

Figure 5.13: Evolution of (a) number of voids (NV) and (b) void volume fraction (FV) of
nanocrystalline Cu/Ta systems (16 nm grain size) with FCC Ta clusters at an overall concentration
of 0% (pure Cu), 3.0%, 6.3% and 10.0%, and an average diameter of 1 nm.

5.5

Effects of Cu Grain Size
It can therefore be expected that a larger grain size with a large distribution of small Ta

clusters (high concentrations) will render higher spall strengths than that calculated for 16 nm grain
sized systems. To test this, the simulations are also carried out for a Cu grain size of 30 nm. The
pre-existing dislocation densities for these systems, as tabulated in Table 5.5, indicate higher
densities of Shockley partials for higher Ta concentration and an increase of total dislocation
density at a Ta concentration of 6.3% and 10.0% as compared to Cu. This effect of Ta clusters on
pre-existing dislocation density for a grain size of 30 nm is different from that for the 16 nm grain
size case, wherein a decrease in total dislocation density is observed over the range of Ta
concentrations considered. This is likely due to the smaller volume fraction of GBs and more grain
interior regions at a larger grain size.
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Table 5.5: Calculated values for dislocation densities nanocrystalline Cu and Cu/Ta systems (30
nm grain size) with FCC Ta clusters with average diameter of 3 nm. The values are provided for
pre-existing dislocation in the equilibrated microstructures as well as at times corresponding to the
end of shock pulse and peak tensile pressure.
Dislocation density (1017/m2)

0%

3.0%

6.3%

10.0%

Perfect

0.45

0.35

0.33

0.32

Shockley

0.28

0.32

0.47

0.61

Twin

0.21

0.15

0.12

0.12

Total

0.98

0.89

1.01

1.18

Perfect

0.28

0.19

0.21

0.20

Shockley

1.29

0.94

0.92

0.90

Twin

0.91

0.43

0.38

0.36

Total

2.71

1.73

1.69

1.63

Perfect

0.09

0.05

0.05

0.05

Shockley

1.28

0.79

0.71

0.62

Twin

1.02

0.45

0.38

0.30

Total

2.58

1.39

1.24

1.03

Initial
(pre-existing)

End of shock
pulse

Spallation (Peak
tensile pressure)

Illustrative snapshots showing spall microstructures are plotted in Figure 5.14. Spall
failure of Cu is dominated by void nucleation and growth along the GB planes, which is similar to
the 16 nm grain size case. However, the presence of Ta clusters here results in void nucleation
throughout the microstructure at the Cu/Ta interfaces leading to a larger number of smaller voids
nucleated at the onset of spallation. Spall strengths indicate a substantial increase from 10.44 GPa
for Cu at a grain size of 30 nm to 10.48 GPa, 10.66 GPa and 10.86 GPa for Ta concentrations of
3.0%, 6.3% and 10.0%, respectively. Thus, while the 16 nm grain size does not show a significant
role of Ta concentration on the spall strengths, a grain size of 30 nm shows a steady increase in
spall strengths with Ta concentration. Similar simulations for the 30 nm grain sized system with a
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distribution of Ta clusters of 1 nm diameter render even higher spall strengths of 10.67 GPa, 11.10
GPa and 11.26 GPa for Ta concentrations 3.0%, 6.3% and 10.0%, respectively.

(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

Figure 5.14: Snapshots of the nanocrystalline Cu/Ta systems (30 nm grain size) at the time of
peak tensile pressure, with FCC Ta clusters at an overall concentration of (a)-(b) 0% (pure Cu),
(c)-(d) 3.0%, (e)-(f) 6.3% and (g)-(h) 10.0%, and an average diameter of 3 nm. Atoms are colored
as described in Figure 5.3.
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5.6

Optimizing Interfaces Distribution
The simulation results discussed above indicate that both size and concentration of Ta

clusters have significant effects on the spall strengths of nanocrystalline Cu systems at the larger
grain sizes. Table 5.6 lists the calculated spall strengths, and corresponding percentage increase
with respect to Cu (parenthesis) for the nanocrystalline Cu/Ta systems with Ta cluster, as well as
Ta solid solution in Chapter 4. Analysis of variance (ANOVA) test is performed to identify the
statistically important factors that affect the spall strengths of the nanocrystalline Cu/Ta system.
Ta solid solution is treated numerically as the case of Ta clusters with a size of 0.33 nm (lattice
constant of BCC Ta) for the analysis. ANOVA analysis on the main effects of Cu grain size, Ta
cluster size, and Ta concentration reveals that all effects are statistically significant (p-values less
than 0.05), with Cu grain size providing the largest effect on spall strengths.
Table 5.6: Spall strength (σs) of the nanocrystalline Cu/Ta systems and percentage increase (in
parenthesis) in spall strength with respect to Cu.
System

0%

3.0%

6.3%

10.0%

16 nm nc-Cu/3 nm Ta cluster

11.50

11.60 (1%)

11.46 (0%)

11.59 (1%)

16 nm nc-Cu/1 nm Ta cluster

11.50

11.61 (1%)

11.81 (3%)

11.96 (4%)

16 nm nc-Cu/Ta solid solution

11.50

12.35 (7%)

12.39 (8%)

12.06 (5%)

30 nm nc-Cu/3 nm Ta cluster

10.44

10.48 (0%)

10.66 (2%)

10.86 (4%)

30 nm nc-Cu/1 nm Ta cluster

10.44

10.67 (2%)

11.10 (6%)

11.26 (8%)

30 nm nc-Cu/Ta solid solution

10.44

11.37 (9%) 11.97 (15%) 11.90 (14%)

The spall strength values in Table 5.6 are plotted in Figure 5.15. The strengthening capability
of Ta clusters (as indicated by the percentage increase in spall strengths) is higher at the larger Cu
grain sizes for smaller Ta cluster size and higher Ta concentration. However, this behavior is
different from that predicted for the Ta solid-solution case. To understand the role of Ta on the
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spall strength, the relative size of the Ta clusters with respect to the Cu grain size (dTa/dCu) can
be considered to understand the variation in the spall strength. A smaller dTa/dCu would lead to a
larger distribution of Cu/Ta interfaces within the Cu grains and results in reduced capability of the
grains to nucleate and evolve dislocations. This dTa/dCu ratio is the smallest for Ta in solid
solution (dTa ~ 0.33 nm) and decreases with an increase in Cu grain size. As a result, the spall
strength is the highest for the solid-solution Ta and the lowest for the 3 nm Ta clusters for all the
simulations considered here. This ratio also determines the grain size dependence of the spall
strength as the ratio is lower for a grain size of 30 nm as compared to that for 16 nm and hence
results in larger potential for increase in the spall strength values as compared to Cu. This potential
to achieve higher spall strengths is attributed to the capability of the microstructure to restrict the
plastic deformation behavior therefore resulting in a dislocation-starved region of the
microstructure experiencing the triaxial tensile stress at the onset of spallation.

Figure 5.15: Variation of the spall strength of nanocrystalline Cu/Ta systems, with Ta present as
clusters (1nm, 3 nm) and solid solution. Cu with 16 nm grain size are shown by solid lines, and
Cu with 30 nm grain size are shown by dashed lines.

111

Thus, a smaller cluster size and higher Ta concentration in a larger Cu grain will result in a
larger number of interfaces within the grain that can be used to shift the peak spall strength to the
larger grain sizes (as compared to a grain size of 16 nm) and provide opportunities to synthesize
high strength damage-tolerant microstructures for impact applications.

5.7

Effect of Ta Co-presence as Grains, Nano-clusters and Solid Solution
The effects of Ta as solid solution and nano-clusters on the deformation and spall behavior

of nanocrystalline Cu microstructures have been investigated. However, in experimentally
observed Cu/Ta microstructures, multiple forms of Ta are typically found to co-exist: Ta as
individual grains with grain size analogous to that of the Cu matrix, Ta as large particles residing
primarily along the GBs and triple junctions, smaller Ta nano-clusters and Ta solid solution
residing primarily at the grain interior. Such microstructures, due to the copresence of multiple
forms of Ta, might show additional strengthening/weakening effects that lead to different
variations in the resulting spall strengths.
Table 5.7: The number, size and atomic concentration of Ta in the nanocrystalline Cu/Ta (40 nm
grain size) system at a concentration of 10%.
Form of Cu/Ta

Number

Size (nm)

Concentration (%)

Cu grains

132

40

90.00

Ta grains

18

40

7.95

Ta nano-clusters (grain boundary)

250

9

1.39

Ta nano-clusters (grain interior)

3000

2

0.19

Ta solid solution (grain interior)

1963709

N/A

0.49
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To understand such effects, a nanocrystalline Cu with a dimension of 100 nm x 100 nm x
500 nm, grain size of 40 nm, and ~ 430 million atoms are created, with a distribution of all the
above forms of Ta in the microstructure. The same range of Ta concentration is considered: 3.0%,
6.3% and 10.0%. A detailed list of the Ta distribution at a concentration of 10.0% is tabulated in
Table 5.7. Such microstructure is designed to mimic that reported in [76].
The pressure profiles of pure nanocrystalline Cu, and Cu/Ta with 10.0% Ta are shown in
Figure 5.16. It can be seen that although the presence of the Ta leads to higher compressive
pressure in the system, the overall wave propagation behavior is very similar. Such trend is similar
to that observed for the case of Ta solid solutions and nano-clusters.

(a)

(b)

Figure 5.16: Pressure profile of the nanocrystalline Cu/Ta systems with Ta at an overall
concentration of (a) 0% (pure Cu), (b) 10.0%.
The peak compressive pressure and spall strength of the nanocrystalline Cu/Ta systems are
listed in Table 5.8. A steady increase in the compressive pressure is observed with the increase in
Ta concentration. The spall strength of the 40 nm grain sized Cu is calculated to be 9.30 GPa, and
lower than that of 16 nm (11.50 GPa) and 30 nm (10.44 GPa) grain sized Cu. Thus the variation
of spall strength in such grain size regime shows a Hall-Petch relationship. Since the grain size of
this system (40 nm) is not very different from the 30 nm grain sized system considered before, the
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presence of Ta as solid solution and clusters should lead to an increase of 1~2 GPa in spall strength
for the above concentration range. However, the resulting spall strengths are very similar for all
the cases, and very little strengthening is observed here. Assuming that no synergic effects are at
play here, the results suggest that the expected 1~2 GPa strengthening is offset by the additional
form of Ta included in this system: Ta grains.
Table 5.8: Peak compressive pressure (Pc), spall strength (σs) of the nanocrystalline Cu/Ta system
(40 nm grain size).
Ta (%)_

0

3.0

6.3

10.0

Pc (GPa)

51.18

53.19

54.90

57.67

σs (GPa)
(grain
interior)

9.30

9.39

9.43

9.37

Illustrative snapshots showing spall microstructures are plotted in Figure 5.17. Failure of
pure Cu is characterized by separation along the GB planes as shown in Figure 5.17(a), which is
similar to the smaller grain sized Cu. Nanocrystalline Cu/Ta system, as shown in Figure 5.17(b)
shows similar failure behavior, with failure occurs mostly at the same set of GBs as the pure Cu
system. However, a closer look at the Ta grains at the spall plane reveal that the Cu/Ta interfaces
show a significant amount of damage(voids), that is not observed at the original Cu GBs. This
suggests that Cu/Ta interfaces are more prone to void nucleation, namely, weaker than Cu grain
boundaries. Therefore, the presence of Ta grains could contribute to weakening of the
microstructure by providing planar Cu/Ta interfaces for preferential void nucleation. Such
weakening of the Ta grains cancels out the strengthening from Ta solid solution and nano-clusters,
and results in the variation of the spall strength as observed before.
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(a)

(b)
Figure 5.17: Snapshots of the nanocrystalline Cu/Ta systems (40 nm grain size) at the time of
peak tensile pressure: (a) 0% (pure Cu), (b) 10.0%. Atoms are colored in the following way: Cu
FCC (green), Cu stackin faults (red), Cu disoedered (blue), Cu voids/surface (orange), and Ta
(purple).

5.8

Conclusions
The dynamic response of nanocrystalline Cu/Ta systems is investigated using MD

simulations to understand the role of size and concentration of Ta clusters distributed randomly in
the Cu matrix on the spall strength characteristics of these microstructures. The computed
energetics of the FCC Ta clusters and BCC Ta clusters embedded in the Cu matrix suggests that
the FCC Ta clusters are more favorable at a smaller size (< 4 nm) and results in a higher preexisting dislocation density in the nanocrystalline Cu/Ta system than BCC Ta clusters. However,
the shock propagation and spall behavior are very similar for both types of clusters and the voids
are observed to nucleate at Cu/Ta interfaces during spallation. The role of size and concentration
of FCC Ta clusters suggests that a higher concentration of smaller Ta clusters is more effective in
limiting the capability of nanocrystalline Cu/Ta microstructures to plastically deform and therefore
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renders higher spall strengths. Furthermore, this strengthening effect is more significant at a larger
grain size. This is confirmed using ANOVA analysis that indicates the Cu grain size to the most
significant factor affecting spall strengths of nanocrystalline Cu/Ta microstructures. It is shown
that the number of Cu/Ta interfaces (clusters) within the grains and the relative size of the Ta
clusters to the Cu grain size play the dominant role in determining spall strengths and of
nanocrystalline Cu/Ta microstructures. These studies suggest that peak spall strengths can be
achieved by engineering the Cu microstructures with a distribution of phases at much larger grain
sizes than that predicted by the Hall-Petch behavior. Finally, the results on the 40 nm grain sized
Cu system, with a co-presence of Ta grains, clusters and solid solution suggests that although Ta
clusters and solid solution could strengthen the Cu microstructure by blocking dislocation
propagation, Ta grains offset such effects by weakening the Cu microstructure, due to its capcbility
to provide planar Cu/Ta interfaces that are much more prone to void nucleation.
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CHAPTER SIX

SPALL FAILURE OF CU/TA MULTILAYER SYSTEM: EFFECTS OF
KS INTERFACE SPACING
6.1

Introduction
Multilayer nanocomposites are promising building blocks for next-generation materials,

owing to their greatly enhanced strength, thermal stability and irradiation damage resistance in
contrast to the coarse-grained microstructures [82, 170-174]. In multilayer materials the presence
of bi-metal interfaces significantly affects the plastic deformation micromechanisms of nucleation
of dislocations, cross-slip across interfaces and deformation twinning that, in turn, affect the
macroscopic behavior of the multilayer systems [95, 175-178]. It is now known that the observed
plastic deformation mechanisms are affected by the atomic structure as well as the spacing between
interfaces (interface spacing) [179-181]. Interface spacing significantly affects the hardness and
strength of multilayer systems [182-185]. This arises from the fact that, as the interface spacing
decreases from hundreds of nm to a few nm, the dominant operative deformation mechanism
transitions from dislocation pile-up (Hall-Petch strengthening) [186, 187], to single dislocation
glide (confined layer slip) [188] and furthermore to interface crossing (interface barrier strength)
[189-191].
Recent experimental efforts suggest that under dynamic loading conditions bi-metal
interfaces do not necessarily act as weak links for void nucleation. A comparative study of the
spall behavior of Cu/Ag and Cu/Nb alloys shows that voids nucleate inside Ag phase in Cu/Ag
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microstructures, whereas voids nucleate in the Cu regions at the Cu/Nb interfaces in Cu/Nb
microstructures [100]. At large enough thicknesses of the component layers, voids are also
observed to nucleate in the Cu regions away from Cu/Nb interfaces due to the interaction of
reflected waves from the interfaces inside the layers [101]. The resulting spall strength values are
also significantly different than that of individual component. For example, the spall strength of
Cu/Nb multilayers is observed to be much lower than both Cu and Nb component phases [101].
MD simulations have typically been devoted to understanding the transition in HEL values
and deformation mechanisms with varying interface spacing for Cu/Nb multilayers. The computed
HEL values for Cu/Nb multilayers are observed to be lower than that for single-crystal systems
[192]. In addition, deformation mechanisms in Cu layers transition from homogeneous nucleation
of dislocations within the layers to the nucleation at the interfaces at interface spacings lower than
20 nm, whereas deformation mechanisms in Nb layers result from homogeneous nucleation within
the layers [192]. MD simulations of spall failure of Cu/Nb multilayers reveal the nucleation of
voids restricted to the few Cu layers near the interface, rather than at the Cu/Nb interface,
suggesting that Nb plays no significant role as a stronger phase in the composite microstructure
[193].
However, the fundamental understanding on the role of interfaces on the temporal
evolution of defect structures, their interactions and evolution under shock loading conditions to
render the variations in observed spall strength values for the multilayer microstructures is still
missing. The current understanding is largely limited to the modes of deformation and the
mechanisms of dislocation nucleation in multilayer FCC/BCC Cu/Nb systems. Although the spall
behavior of Cu/Nb multilayers has been investigated [101, 103, 192, 194], other FCC/BCC
multilayers, such as Cu/Ta multilayers remain unexplored. For example, it is not clear if the trends
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observed in Cu/Nb multilayer microstructures (decreased spall strengths as compared to Cu) will
also be observed for other FCC/BCC multilayer microstructures. In addition, a clear rationale for
why a microstructure (with a structure of the FCC/BCC interface and a spacing between interfaces)
results in increased/decreased spall strength values is missing. Such a rationale is crucial to tailor
and optimize the microstructures of these materials for damage-tolerant applications.
Therefore, this chapter uses the Cu/Ta multilayer system as model system to investigate
these links at the atomic scales due to their unusually high hardness and yield strength (five times
higher than pure Cu and Ta) as well as Hall-Petch dependence on the interface spacing under quasistatic tensile loading conditions [80]. The goal is to gain a comprehensive understanding of the
temporal evolution of defect density during shock wave propagation, reflections and interactions
to identify the links between the interface spacing and the spall strengths for Cu/Ta multilayer
systems. MD simulations are carried out to investigate the role of interfaces and the effects of
interface spacing using a Kurdjumov–Sachs (KS) interface as a model interface between Cu and
Ta layers.

6.2

Computational Methods
The initial multilayer microstructures with a KS interface are created by stacking FCC Cu

slabs and BCC Ta slabs with the [110] direction for Cu and the [111] direction for Ta aligned along
the X direction and [112] direction for Cu and the [112] direction for Ta aligned along the Y
direction, as shown schematically in Figure 6.1(a). The lateral dimensions (X and Y) are
determined such that the in-plane strains imposed on the component layers are minimized (< 0.1
%). The dimension of the as-created systems is 39 nm by 38 nm by 95 nm, and the total number
of atoms is ~ 10 million. Figure 6.1(b) shows the side view of the relaxed atomic structure of the
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KS interface, and Figure 6.1(c) shows the perpendicular view, wherein a quasi-periodic pattern
formed due to intersection of intrinsic dislocation arrays can be observed [103]. These dislocation
arrays can be expected to determine the deformation and spall behavior of the multilayer systems.

(a)

(b)

(c)

Figure 6.1: (a) Schematic of the Cu/Ta stacking in a KS multilayer system. Relaxed atomic
interface structures of KS interfaces: (b) side view of the interface, where atoms are colored in the
following way: Cu FCC stacking (green), Ta BCC stacking (purple), and disordered Cu/Ta atoms
(blue), and (c) top view of the interface atoms colored based on the Z stress component with two
sets of misfit dislocation lines marked by purple dashed lines.
An example initial microstructure showing the distribution of Cu/Ta KS interfaces at an
interface spacing of 6 nm is shown in Figure 6.2. Since the peak shock pressures generated are
determined by the interaction of the 1st layer with the piston during impact, the pressures generated
by a piston impacting a Ta layer would be significantly different from the pressures generated by
a piston impacting a Cu layer. Therefore, two loading scenarios are possible here: by using a piston
(1st 3 nm region) to impact the 1st layers as a Ta layer (as shown in Figure 6.2) or as a Cu layer,
these two loading cases are referred to as “Ta-shock” and “Cu-shock”, respectively. The different
loading cases would result in variations in shock compression pressures and hence wave
propagation behavior. Here the Cu/Ta multilayer system with an interface spacing of 6 nm for the
Ta-shock loading case will be referred to as Ta 6 nm/Cu 6 nm multilayer system.
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Figure 6.2: Initial setup for the Ta 6 nm/Cu 6 nm multilayer system under Ta-shock loading.
During the shock loading, the piston atoms (silver) are given an inward velocity (1 km/s) along
positive Z direction for a duration of 10 ps, as shown by the red arrow. Atoms are colored as
described in Figure 6.1.

6.3

Role of KS Interface
The shock deformation and spall failure behavior of Cu/Ta multilayer systems with KS

interfaces is first discussed for an interface spacing of 6 nm. The temporal pressure evolution along
the Z direction of the system at various stages is shown in Figure 6.3(a) and can be used to
investigate the wave propagation behavior. An initial coherency stress in the multilayer
microstructure can clearly be seen in Figure 6.3(a). This coherency stress results from the lattice
mismatch between the component layers and is tensile for the Ta layer and compressive for the Cu
layer, with a magnitude of about 0.5 GPa. The evolution of overall (global) density of various
types of dislocations in the Cu and Ta layers during these stages is plotted in Figure 6.3(b) and
6.3(c), respectively. The various stages of the shock simulation are discussed below for the Cu/Ta
multilayer microstructures.
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(a)

(b)

(c)

Figure 6.3: (a) Evolution of pressure along the length of the Ta 6 nm/Cu 6 nm multilayer system
under Ta-shock loading, evolution of dislocation densities in (b) Cu layers and (c) Ta layers.
SI corresponds to the initiation of the compressive shock wave in the Cu/Ta
microstructures. Figure 6.4(a) shows the variation of the pressure along the length of the sample
at intermediate times during SI. The shock velocity (Us) calculated from the rear surface velocity
profiles is 5.20 km/s for the KS (6 nm) multilayer system, which is in between the values of 6.75
km/s and 4.54 km/s observed for component phases of single crystal Cu (SC-Cu) for the [111]
orientation and single crystal Ta (SC-Ta) for the [110] orientation, respectively and is much lower
than their average (5.65 km/s). This suggests that the presence of KS interfaces in the multilayer
microstructure serves to inhibit the propagation of the compressive waves and lower U s. From
Figure 6.3(b) and 6.3(c), it can be seen that the dislocations that nucleate in the Cu layers comprise
of a substantial amount of Shockley partials followed by twinning partials, whereas the
dislocations in Ta layers comprise primarily of dislocations of Burgers vector 1/2<111>.
Additionally, the densities of these dislocations show various drops in Cu layers as the shock wave
arrives at the multiple Cu/Ta interfaces in the microstructure.
SII starts at the release of the shock pulse and ends at the arrival of the shock front at the
rear surface to start the unloading process. While this release wave could relax the material behind
the shock front to zero pressures, no change is observed in the rates of dislocation nucleation during
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SII. New dislocations continue to nucleate in the Cu and Ta layers as the compressive wave travels
to the rear surface, as indicated in Figure 6.4(b) and 6.4(c). For a closer look at the defect evolution
during SII, defect structures (stacking faults and twin faults in Cu as shown by red and yellow
atoms, respectively as well as twin faults in Ta as shown by cyan atoms) at the shock front along
the length of the sample at a time of 12.6 ps are shown in Figure 6.4(b) and 6.4(c). The plot in
Figure 6.4(b) shows the top view of the defects in Cu layer at the shock front. The misfit dislocation
lines are marked by dashed yellow lines, and are also indicated in Figure 6.1(c). The stacking faults
in Cu layer can be observed to nucleate along the misfit dislocation lines at the interface and
propagate into the Cu layer. The plot in Figure 6.4(c) shows the side view of the defect structures
along the length of the sample. The stacking faults and twin faults in Cu layers nucleate from the
Cu/Ta interfaces due to the interaction of the elastic wave and propagate into the Cu layer interior.
However, twin faults in Ta layers are observed to nucleate at the shock front in regions next to the
Cu/Ta interface as well as in the Ta layer interior as shown by cyan atoms in Figure 6.4(c). It
should be noted that the characterization of dislocations in BCC using DXA is limited to <100>,
<111> and ‘other’ type of dislocations. Given that the total dislocation density is on the order if
1017/m2, the contribution from ‘others’ is negligible and not considered here. While the snapshots
show twinning in Ta layers, the analysis does not show any detection of 1/6 <111> dislocations
that is indicative of twinning [195] and is likely due to the challenges in the creation of the burgers
circuit for a twinning dislocation [113]. A similar preferential activation of slip systems in FCC
phase from the interface that are oriented along the misfit dislocation lines, and the homogeneous
nucleation of dislocations within BCC phase have also been reported for Cu/Nb multilayer system
[103, 196].
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(a)

(b)

(c)

Figure 6.4: (a) Shock wave profiles during SI at intermediate times for Ta 6 nm/Cu 6 nm
multilayer system under Ta-shock loading, (b) Top view of the KS interface showing nucleation
of stacking faults in Cu layer from the interface occurs along the misfit dislocation lines, as shown
by the yellow dashed line, (c) Defect structures in the Cu and Ta layers along the length of the
sample in the shock direction. Only atoms corresponding to Cu stacking faults (red), Cu twin faults
(yellow), Cu twinning partials (light blue), Cu surface (orange), Ta twin faults (cyan), Ta surface
(silver) are shown here. The original Cu/Ta atoms at the interface are colored as light green.
While defects are nucleated in both the Cu and Ta layers, no geometric alignment of the
twinning planes in Ta layers and stacking faults and twin faults in Cu layers is observed here.
Therefore, the KS interfaces serve as a strong barrier to dislocation transmission in Cu/Ta system
in contrast to that observed for the Cu/Nb system. This high resistance to dislocation transmission
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has also been reported for Cu/Ta multilayer system under uniaxial tension [197] and Cu/Nb
systems under indentation test [97].

(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

Figure 6.5: Snapshots showing microstructure evolution of Ta 6 nm/Cu 6 nm multilayer system
under Ta-shock loading at various stages: (a), (b) 0 ps, (c), (d) 10 ps, (e), (f) 20 ps and (g), (h) 30
ps. Left panels show the entire microstructure, and right panels show the distribution of defects
(Cu twin faults, Cu twinning partials, and Ta twin faults) and damage (Cu surfaces and Ta
surfaces). Atoms are colored in the following way: Cu FCC stacking (green), Cu stacking faults
(red), Cu twin faults (yellow), Cu twinning partials (light blue), Cu surface (orange), Ta BCC
stacking (purple), Ta twin faults (cyan), Ta surface (silver) and disordered Cu/Ta atoms (blue).
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The acceleration of the rear surface due to the arrival of the compressive shock wave
reaching results in the onset of SIII. The acceleration of the rear surface results in the reflection of
the shock wave, which interacts with the tail of the compressive wave to generate a state of triaxial
tensile stress and lead to the nucleation of voids. The maximum tensile pressure generated in the
microstructure during void nucleation is computed as the spall strength of the system. The
calculated spall strength of the Ta 6 nm/Cu 6 nm multilayer system is 10.14 GPa, which is very
close to SC-Cu [111] (10.06 GPa) and much lower than SC-Ta [110] (19.48 GPa). Therefore,
despite the above modifications in the wave propagation behavior induced by the KS interface, the
spall failure is dominated by the weaker Cu phase.
Illustrative snapshots for the Ta 6 nm/Cu 6 nm multilayer system showing defect nucleation
and evolution during the various stages of shock compression and spall failure are plotted in Figure
6.5. These snapshots at times of 10 ps and 20 ps (SI and SII) show a substantial amounts of stacking
faults and twin faults in the Cu layers, and twin faults in Ta layers. The stacking faults and twin
faults in Cu layers can be observed to extend across the entire layer, whereas the twin faults in Ta
layers appear in much smaller fragments. Figure 6.5(g) shows the spall failure of the multilayer
microstructure as indicated by nucleation of voids in the multiple Cu layers (as shown by orange
atoms) close to the Cu/Ta interfaces. However, very few voids are observed in the interior of Cu
layers, and no voids are observed in Ta layers. Therefore, it is likely that the presence of interfaces
weakens the few Cu atomic layers next to the interface that render weak sites for preferential void
nucleation. This behavior is validated by the lowered work of separation in the Cu layers near the
Cu/Ta interface based on DFT calculations [167]. Similar results have also been observed for
Cu/Nb multilayer microstructures [193].
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6.4

Effects of Interface Spacing: Loading from Ta Layer
The effects of interface spacing are investigated by constructing six Cu/Ta multilayer

systems with an interface spacing of 47 nm, 23 nm, 16 nm, 12 nm, 6 nm, and 3 nm. The Ta-shock
loading case is first discussed here.
Contour plots of the pressure evolution in the system for the various microstructures are
shown in Figure 6.6. No substantial changes in the compressive wave (red) propagation are
observed in SI and SII from these plots. However, as the interface spacing decreases, more
localized tensile regions (blue) are observed during SIII and SIV of spall failure. The tensile
regions during SIV show substantial variations in tensile pressures across the layers, i.e., higher
tensile pressures for the Cu layer (blue) as compared to that for the Ta layer (light blue). This
variation in tensile pressure is attributed to the variations in tensile pressure generated for the same
wave velocities experienced by Cu and Ta. In contrast to single-phase materials, where tensile
pressures are typically generated due to interaction of rarefaction wave from the rear surface with
the tail of the compression wave, the presence of Cu/Ta interfaces in the multilayer microstructure
results in additional wave reflections at the interfaces that interact with the tail of the shock wave
to create local tensile regions in the microstructure.
The calculated peak compressive and tensile pressures and shock velocities for all the
multilayer microstructures are tabulated in Table 6.1, in comparison with that of SC-Cu [111] and
SC-Ta [110] system. The peak compressive pressures generated for the KS multilayer systems are
observed to be in between that of the SC-Cu [111] and SC-Ta [110] system. The peak compressive
pressures in both Cu and Ta layers are observed to be highest for an interface spacing of 23 nm
among all the systems considered. The peak tensile pressures in Cu layers for the KS multilayer
systems are greater than that of SC-Cu [111] system. Thus, the increased spall strength values in
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the presence of KS interfaces at an interface spacing greater than 3 nm may be attributed to
increased shock pressures generated in the Cu layers as compared to that in SC-Cu [111] system.

(a)

(b)

(c)

(d)

(e)

(f)

Figure 6.6: Temporal evolution of pressure along the length in KS multilayer system under Tashock loading: (a) Ta 47 nm/Cu 47 nm, (b) Ta 23 nm/Cu 23 nm, (c) Ta 16 nm/Cu 16 nm, (d) Ta
12 nm/Cu 12 nm, (e) Ta 6 nm/Cu 6 nm, (f) Ta 3 nm/Cu 3 nm.
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Table 6.1: Peak compressive pressure (Pc-Cu, Pc-Ta), peak tensile pressure (σspall, Pt-Ta), and shock
velocity (Us) of the KS multilayer systems with varying interface spacing (λ) under Ta-shock
loading, as compared to SC-Cu [111] and SC-Ta [110] system. The spall strength σspall is calculated
as the peak tensile pressure in Cu layers.
λ (nm)
47
23
16
12
6
3
SC-Cu [111]
SC-Ta [110]

Pc-Cu (GPa)
63.18
72.52
70.69
68.66
68.01
66.71
44.70
N/A

Pc-Ta (GPa)
78.88
79.38
78.50
75.70
74.06
73.70
N/A
78.53

σspall (GPa)
10.80
10.70
10.73
10.45
10.14
9.47
10.06
N/A

Pt-Ta (GPa)
7.42
14.17
9.85
6.69
7.92
8.25
N/A
19.48

Us (km/s)
5.22
5.22
5.21
5.22
5.20
5.28
6.75
4.54

To examine the spall behavior of the KS multilayer system, the snapshots of the
microstructure and the corresponding defect distributions at the time of peak tensile pressure are
shown in Figure 6.7. For an interface spacing of 12 nm and greater (Figure 6.7(a)-6.7(h)), a dense
dislocation forest nucleated from both interfaces can be observed in the Cu layer, and voids are
observed to nucleate both in the interior of the Cu layers and the Cu side of the Cu/Ta interfaces.
The void nucleation in the interior of the Cu layers is due to the intense dislocation interaction at
the interior, and the void nucleation at the Cu/Ta interface is due to the weak nature of the interface.
However, for an interface spacing of 6 nm (Fig. 6.7(i) and 6.7(j)), void nucleation is mostly
localized at the Cu side of the Cu/Ta interfaces. At this smaller interface spacing, fewer
dislocations can be nucleated at the Cu layer and thus limited dislocation interaction can be
observed, therefore void nucleation occurs preferentially at the interface. As the interface spacing
is further reduced to 3 nm (Fig. 6.7(k) and 6.7(l)), the density of dislocations nucleated in the Cu
layers is further reduced, and the void nucleation is observed to occur across the entire Cu layers.
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This is due to the small interface spacing, and the entire Cu layers lie next to the interface and
therefore weakened by the interface, leading to the void nucleation and the failure of the entire Cu
layers.

(a) 47 nm

(b) 23 nm

(c) 16 nm

(d) 12 nm

(e) 6 nm

(f) 3 nm

Figure 6.7: Snapshots of KS multilayer system under Ta-shock loading at a time corresponding
to peak tensile pressure: (a) Ta 47 nm/Cu 47 nm, (b) Ta 23 nm/Cu 23 nm, (c) Ta 16 nm/Cu 16 nm,
(d) Ta 12 nm/Cu 12 nm, (e) Ta 6 nm/Cu 6 nm, (f) Ta 3 nm/Cu 3 nm. Top panels show the entire
microstructure, and bottom panels show the distribution of defects (Cu twin faults, Cu twinning
partials, and Ta twin faults) and damage (Cu surfaces and Ta surfaces). Atoms are colored as
described in Figure 6.5.
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Therefore, two representative failure modes are observed for the KS multilayer systems, as
shown in Figure 6.8. Mode 1 as shown in Figure 6.8(a) – 6.8(d), is characterized by both bulk and
interface failure and occurs at an interface spacing greater than 6 nm; Mode 2 as shown in Figure
6.8(e) – 6.8(f), is characterized by interface dominated failure and occurs at an interface spacing
of 6 nm and 3 nm. Since void nucleation and failure occur only in the Cu layers for all the interface
spacing considered, the spall strength of the multilayer system is therefore equal to the peak tensile
pressures generated in the Cu layers. Therefore, at a small interface spacing, the spallation and
failure behavior of the KS multilayer systems is dominated by the Cu/Ta interface, resulting in
lower spall strengths for an interface spacing of 6 nm and 3 nm, despite the increased compressive
pressure in the microstructure. These distinct deformation and failure modes demonstrate the
critical role of the layer thickness in tailoring the failure behavior and the resulting spall resistance
of the multilayer system.
To furthermore understand the effects of interface spacing, the temporal evolution of the
overall (global) densities of various types of dislocations in the Cu layers (Perfect, Shockley, Stairrod, Hirth, Frank and twinning partials) and in the Ta layers (Burgers vectors of 1/2<111>, <100>
and <110>) are plotted in Figure 6.9. No pre-existing dislocations of the above types are observed
for all the multilayer microstructures considered. The variation of dislocation densities in the Cu
layers during SI and SII shows various peaks that are attributed to nucleation of new dislocations
as the shock wave travels in Cu layers. The various sharp dips in the dislocation density variation
are attributed to the annihilation of the Cu dislocations at the Cu/Ta interfaces. The dislocation
density variation for Ta layers shows a comparatively smoother increase during SI and SII. The
values of dislocation density at the time of peak tensile pressure (~ 30 ps) are tabulated in Table

131

6.2 to understand the links between the spall strengths and the dislocation densities in the
microstructure at the peak tensile pressures.

(a)

(d)

(b)

(c)

(e)

(f)

Figure 6.8: Snapshots showing distribution of voids in KS multilayer system under Ta-shock
loading at a time corresponding to peak tensile pressure: (a) Ta 47 nm/Cu 47 nm, (b) Ta 23 nm/Cu
23 nm, (c) Ta 16 nm/Cu 16 nm, (d) Ta 12 nm/Cu 12 nm, (e) Ta 6 nm/Cu 6 nm, (f) Ta 3 nm/Cu 3
nm. Top half (Z coordinates > 800 Å) of the system which contains the spalled region is shown.
Only atoms corresponding to Cu surface (orange), Ta surface (silver) and Cu/Ta interfaces (light
green) are shown here.
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Table 6.2: Global dislocation density (1017/m2) at the time of peak tensile pressure (~ 30 ps) for
the KS multilayer systems with varying interface spacing (λ) under Ta-shock loading, as compared
to that of SC-Cu [111] and SC-Ta [110] system.
λ (nm)
Perfect
47
0.04
23
0.09
16
0.09
12
0.05
6
0.06
3
0.03
SC-Cu [111]
0.08
SC-Ta [110]
N/A

Dislocations in Cu Layers
Shockley Stair-rod
1.59
0.33
2.41
0.43
2.16
0.46
1.47
0.25
1.51
0.25
0.91
0.12
2.25
0.39
N/A
N/A

Twin
0.67
0.98
0.81
0.40
0.52
0.15
0.81
N/A

Dislocations in Ta Layers
1/2<111>
<100>
<110>
1.34
0.16
0.01
1.07
0.09
0.01
1.29
0.11
0.01
1.14
0.11
0.00
1.00
0.09
0.01
0.89
0.07
0.01
N/A
N/A
N/A
0.83
0.08
0.00

A peak in the dislocation density of Cu is observed for an interface spacing of 23 nm and
this value of the dislocation density in Cu is observed to be greater than that observed for SC-Cu
[111]. Similarly, the dislocation densities in Ta layers are found to be higher than that for the SCTa [110] system, especially at an interface spacing greater than 6 nm. Thus, the variation of the
spall strength of Cu/Ta multilayer microstructures can be correlated to the dislocation densities
(Shockley partials and twinning partials). A higher twinning dislocation density in the
microstructure results in higher spall strength for KS multilayer Cu/Ta microstructures as observed
for nanocrystalline Cu microstructures [45]. In addition, it is noted that the highest compressive
pressures are observed for an interface spacing of 23 nm for the KS interfaces and render the
highest values of Shockley partial and twinning partial density. However, over the range of
interface spacing considered here, no direct correlation can be identified between the dislocation
density variation of the Cu/Ta microstructures and the peak shock pressures generated during
shock loading.
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(a)

(b)

(c)

(d)

(e)

(f)

Figure 6.9: Evolution of overall (global) density of various dislocations of KS multilayer system
under Ta-shock loading: (a) Ta 47 nm/Cu 47 nm, (b) Ta 23 nm/Cu 23 nm, (c) Ta 16 nm/Cu 16 nm,
(d) Ta 12 nm/Cu 12 nm, (e) Ta 6 nm/Cu 6 nm, (f) Ta 3 nm/Cu 3 nm. Dislocation density of Cu
and Ta are shown in the top and bottom panel, respectively.
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6.5

Effects of Interface Spacing: Loading from Cu Layer
Contour plots of the pressure evolution for Cu-shock loading are shown in Figure 6.10. As

observed before, localization of tensile region is observed at smaller interface spacing. The
calculated peak compressive and tensile pressures and shock velocities are tabulated in Table 6.3.
Spall strengths predicted for Cu-shock loading follows the same trend as observed for the Ta-shock
loading case for interface spacing of 23 nm and lower. This value is observed to be the highest at
an interface spacing of 23 nm (11.05 GPa) and 1 GPa higher than that of the SC-Cu [111] system
(10.06 GPa). Additionally, the difference in the calculated spall strength of the two loading cases
is found to decrease as the interface spacing decreases.
Table 6.3: Peak compressive pressure (Pc-Cu, Pc-Ta), peak tensile pressure (σspall, Pt-Ta), and shock
velocity (Us) of the KS multilayer systems with varying interface spacing (λ) under Cu-shock
loading, as compared to SC-Cu [111] and SC-Ta [110] system.
λ (nm)
47
23
16
12
6
3
SC-Cu [111]
SC-Ta [110]

Pc-Cu (GPa)
60.74
64.67
73.22
71.24
72.50
69.44
44.70
N/A

Pc-Ta (GPa)
65.35
70.26
73.67
77.50
75.92
74.13
N/A
78.53

σspall (GPa)
9.80
11.05
10.29
10.66
9.90
9.68
10.06
N/A

Pt-Ta (GPa)
18.49*
7.00
9.42
9.05
8.86
7.87
N/A
19.48*

Us (km/s)
5.45
5.43
5.42
5.37
5.34
5.28
6.78
4.48

* These values refer to cases where void nucleation is observed in Ta layers and is therefore a spall
strength value.
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(a)

(b)

(c)

(d)

(e)

(f)

Figure 6.10: Temporal evolution of pressure along the length in KS multilayer system under Cushock loading: (a) Cu 47 nm/Ta 47 nm, (b) Cu 23 nm/Ta 23 nm, (c) Cu 16 nm/Ta 16 nm, (d) Cu
12 nm/Ta 12 nm, (e) Cu 6 nm/Ta 6 nm, (f) Cu 3 nm/Ta 3 nm.
Snapshots of the microstructure and the corresponding defect distributions at the time of
peak tensile pressure are shown in Figure 6.11. For the layer dimensions considered, spall is
observed either in Cu or at the Cu-Ta interface for Ta-shock loading as well as for Cu-shock
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loading for layer thicknesses up to 23 nm. The exception is observed for the cased of 47 nm layer
thickness under Cu-shock loading wherein spall is observed in the Ta layer as well.

(a) 47 nm

(b) 23 nm

(c) 16 nm

(d) 12 nm

(e) 6 nm

(f) 3 nm

Figure 6.11: Snapshots of KS multilayer system under Cu-shock loading at a time corresponding
to peak tensile pressure: (a) Cu 47 nm/Ta 47 nm, (b) Cu 23 nm/Ta 23 nm, (c) Cu 16 nm/Ta 16 nm,
(d) Cu 12 nm/Ta 12 nm, (e) Cu 6 nm/Ta 6 nm, (f) Cu 3 nm/Ta 3 nm. Atoms are colored as described
in Figure 6.5.
This exception is attributed to the ratio of the layer thicknesses with the width of the shock wave
generated in the metal. A shock pulse of 10 ps renders a width of the shock wave of 30 - 40 nm.
The width of the region that experiences triaxial tensile stresses is also observed to be 30 - 40 nm.
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As a result, for a bilayer system comprising of 47 nm layers, this width of the spall plane is
observed to be mostly in pure Ta regions (Figure 6.10(a)) for the shock pulse duration chosen, and
therefore leading to spall in the Ta layer (Figure 6.11(a)). Therefore, our results suggest a general
mode of failure for the multilayer system to be next to the interface at the weaker phase, as well as
exception to this general observation at a larger interface spacing (47 nm) greater than the typical
width of the spall plane (30-40 nm). The spall strength in the Ta layer is calculated to be 18.49
GPa, slightly lower than SC-Ta [110] (19.48 GPa). At an interface spacing of 23 nm, as shown in
Figure 6.10(b), local region of tensile pressure is generated in the Cu layer which results in
incipient void nucleation at the Cu/Ta interface at ~ 20 ps.
This local tensile wave is generated due to the interaction of the reflected wave from the
1st Cu/Ta interfaces and the tail of the compressive wave, and lasts only for a few ps and is relieved
at a later stage. The incipient void nucleation due to the release waves generated at the interface
has also been reported for Cu/Nb multilayer system [101]. For all the other interface spacing, voids
are observed to nucleate only in the interior of the Cu layers and Cu side of the Cu/Ta interface.
Figure 6.12 shows the distribution of voids in the multilayer system. The observed void
nucleation behavior is found to be similar to the Ta-shock loading case, and distinctive failure
modes are observed for the interface spacing of 12 nm and greater (Figure 6.12(a) - 12(d)), 6 nm
and 3 nm (Figure 6.12(e), 6.12(f)).
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(a)

(d)

(b)

(c)

(e)

(f)

Figure 6.12: Side view of void distribution in KS multilayer system under Cu-shock loading at a
time corresponding to peak tensile pressure: (a) Cu 47 nm/Ta 47 nm, (b) Cu 23 nm/Ta 23 nm, (c)
Cu 16 nm/Ta 16 nm, (d) Cu 12 nm/Ta 12 nm, (e) Cu 6 nm/Ta 6 nm, (f) Cu 3 nm/Ta 3 nm.

6.6

Correlations between Local Defect Densities and Spall Strengths
The variation of the spall strengths of the multilayer systems is determined by the evolution

of various types of dislocations in the microstructure. Therefore, it is crucial to investigate whether
there exists a strong correlation of the spall strength with the density of dislocations in the
microstructure.
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The variation of the spall strength values in Cu layers is plotted as a function of interface
spacing in Figure 6.13(a) based on values obtained for the Cu-shock and Ta-shock loading
conditions, and their average values. The plot shows a clear peak in spall strength at an interface
spacing of 23 nm among all the systems considered. To correlate this variation of the spall
strengths with the defect densities, the variation of the densities of local Shockley partials,
twinning partials and Stair-rod dislocations at the spall plane with interface spacing is plotted in
Figure 6.13(b), 6.13(c) and 6.13(d), respectively, at the time of peak tensile pressures.

(a)

(b)

(c)

(d)

Figure 6.13: Variation of (a) spall strengths in Cu layers, and densities of (b) Shockley partials,
(c) twinning partials and (d) Stair-rod partials in Cu layers at the spall plane for various values of
KS interface spacing in the multilayer system.
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A correlation can be observed between the spall strength values and the density of Shockley
partials, twinning partials and Stair-rod partials that show peak values at an interface spacing of
23 nm. This correlation is especially significant for Shockley partials and Stair-rods. For example,
an interface spacing of 6 nm for the multilayer systems that renders a local average Shockley
partial and Stair-rod density that is very close to the SC-Cu [111] system also renders an average
spall strength that is also very close to the SC-Cu [111] system. Thus, a higher spall strength of
the KS multilayer systems is likely to be determined by a higher density of local Shockley partial,
twinning partial and Stair-rod density at the spall plane in the multilayer microstructure.
To see this correlation more clearly, Figure 6.14 shows the variation of the spall strength
with local dislocation densities for the multilayer systems and SC-Cu [111] system, where only
the average values of the Ta-shock and Cu-shock loading conditions are shown. A strong linear
correlation can be observed for Shockley partials, twinning partials and Stair-rod dislocations from
the plot. Therefore, the variations in the spacing of the KS Cu/Ta interfaces result in variations in
the evolution of defect structures that can either strengthen or weaken the multilayer
microstructures, demonstrating the significant role of dislocation plasticity in determining the spall
strengths of the multilayer microstructure. In comparison with previously reported spall strengths
of Cu/Nb systems wherein the spall strength of Cu/Nb multilayer system is found to be lower than
both Cu and Nb component phases, Cu/Ta multilayer microstructures render higher spall strengths
than Cu for interface spacing greater than 6 nm. Future efforts will aim to investigate the role of
other types of Cu/Ta interface structures on the deformation and spall behavior of the multilayer
microstructures.
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Figure 6.14: Correlations of spall strengths in Cu layers with Shockley partial, twinning partial
and Stair-rod dislocation densities at the spall plane in Cu layers for KS multilayer system. Here
the average values of Ta-shock and Cu-shock loading cases are shown.

6.7

Conclusions

The shock loading and spall failure behavior of Cu/Ta multilayer microstructures comprising of
KS interfaces is investigated at the atomic scales using MD simulations. The major findings of this
chapter are:
1. The Cu/Ta KS interfaces can serve as sources for dislocation nucleation and strong barriers to
dislocation transmission across multilayers.
2. The failure mode and spall strengths of the KS multilayer microstructures are strongly
dependent upon the interface spacing, as indicated by two distinct failure modes at different
interface spacing: i). Bulk and interface failure at an interface spacing of 12 nm and greater, ii).
Interface dominated failure at an interface spacing of 6 nm and 3 nm. At smaller interface spacing,
the failure is dominated by Cu/Ta interface, resulting in lower spall strengths.
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3. The general failure behavior of the KS multilayer system is characterized by failure in the few
Cu layers (the weaker phase) next to the interface which act as weak links, and an exception to this
general observation is observed at an interface spacing (47 nm) greater than the spall width (3040 nm), where spall failure occurs inside Ta layer.
4. A direct correlation between the spall strengths and the local Shockley partial, twinning partial
and Stair-rod densities at the spall plane is observed wherein peak densities of these dislocations
are observed for microstructures that render peak spall strengths at an interface spacing of 23 nm.
This correlation demonstrates the significant role of dislocation plasticity in determining the spall
strengths of the KS multilayer microstructure.
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CHAPTER SEVEN

SPALL FAILURE OF CU/TA MULTILAYER SYSTEM: ROLE OF
INTERFACE STRUCTURE
7.1

Structure and Properties of Model Cu/Ta Interfaces
6 model Cu/Ta interfaces are chosen to investigate the effects of the interface structure and

spacing on the spall behavior. The selected interfaces include the most commonly occurring
interfaces in experimental study of FCC/BCC multilayers: Kurdjumov–Sachs (KS) (FCC(111) ||
BCC(110) , FCC[110] || BCC[111]), Nishiyama–Wassermann (NW) (FCC(111) || BCC(110),
FCC[110] || BCC[001]), and KS112 (FCC(112) || BCC(112), FCC[110] || BCC[111]) [80, 194,
198-202]. A few less common interfaces have also been reported in multilayers: KS2, for example,
shares the same orientation as KS, whereas the FCC layer immediately next to the BCC layer
undergoes a shear strain, resulting in different interface structures [173]. Another interface with
the orientation relationship FCC (110) || BCC (001) , FCC [111] || BCC [110] has also been
reported in Cu/Ta multilayers fabricated through ARB [80]. This interface is termed OT here for
simplicity. Static properties such as the type (flat/faceted), orientation relationship and interface
energy are listed in Table 7.1. The side view of the relaxed atomic structures of these interfaces
are shown in Figure 7.1. Among these interfaces, KS, NW and KS2 are flat interfaces, with inplane misfit dislocations only, whereas KS112 and OT are faceted ones, with partial dislocations
extending into the Cu lattice. For KS112 interface, two variants are constructed, depending on the
combination of the number of Cu and Ta planes joined normal to the interface, denoted as KS112-
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case1 and KS112-case2 here. For these two variants, the in-plane misfit dislocation patterns are
the same, whereas the out-of-plane misfit dislocation patterns are different (Figure 7.1(d) and
7.1(e)): position of the stacking fault planes extending into the Cu lattice at the top Cu/Ta interface
are shifted to the right by two atomic planes for KS112-case2 as compared to KS112-case1
interface. The different types of Cu/Ta interfaces considered here are either different in loading
orientations (Z direction of Cu and Ta layers along which shock loading will be applied), or in
local interface structure. There are 3 types of loading orientations: Cu (111) || Ta (110) for the
flat interfaces (KS, NW and KS2), Cu (112) || Ta (112) for both KS112 interfaces, and Cu (110)
|| Ta (001) for OT interface. All three flat interfaces, and the two variants of KS112 interface share
the same loading orientation but different local interface structure. Such variations allow for the
investigation of the role of loading orientation and interface structure in the deformation and spall
behavior of Cu/Ta multilayers.
Table 7.1:

Model Cu/Ta interfaces considered in this work, and their type (flat/faceted),

orientation relationship and interface energy (γ).
Interface

Type

Orientation relationship

γ (mJ/m2)

KS

Flat

(111) < 110 > Cu || (110) < 111 > Ta

205.6

NW

Flat

(111) < 110 > Cu || (110) < 001 > Ta

200.5

KS2

Flat

(111) < 110 > Cu || (110) < 111 > Ta

223.8

equation here.
KS112-case1 Type
Faceted
(112) < 111 > Cu || (112) < 110 > Ta
0.31
KS112-case2
Faceted
(112) < 111 > Cu || (112) < 110 > Ta
OT
Faceted
(110) < 111 > Cu || (001) < 110 > Ta

637.3
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635.6
901.8

(a)

(b)

(c)

(d)

(e)

(f)

Figure 7.1: Side view of the relaxed atomic structures of model Cu/Ta interfaces: (a) KS, (b) NW,
(c) KS2, (d) KS112-case1, (e) KS112-case2, (f) OT. Atoms are colored in the following way: Cu
FCC stacking (green), Cu HCP stacking (red), Ta BCC stacking (purple) and disordered (blue).
The interface energy is calculated as:
γ=

𝐸𝑠𝑙𝑎𝑏 −𝑁𝐶𝑢 𝐸𝐶𝑢 −𝑁𝑇𝑎 𝐸𝑇𝑎
𝐴

(7.1)

where 𝐸𝑠𝑙𝑎𝑏 is the total energy of the slab containing the given Cu/Ta interface, 𝑁𝐶𝑢 and 𝐸𝐶𝑢 are
the number and the cohesive energy of FCC Cu atoms, and 𝑁𝑇𝑎 and 𝐸𝑇𝑎 are the number and
cohesive energy of BCC Ta atoms, and A is the interface area.
The interface energies are tabulated in Table 7.1. Among the flat interfaces, KS and NW
interfaces display similar interface energy, whereas KS2 interface displays a slightly higher
interface energy. The higher interface energy for KS2 interface arises from the rearrangement of
the Cu layer adjacent to the interface Ta layer [173]. Faceted interfaces have a higher interface
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energy than the flat ones, and the OT interface shows the highest value. The density of pre-existing
dislocations per Cu/Ta interface in the multilayer microstructure, including Shockley partials,
Stair-rod partials and twinning partials are tabulated in Table 7.2. No pre-existing dislocations of
these types are identified for the flat interfaces, whereas there exists a high density of Shockley
partials for both KS112 interfaces, and Shockley partials and twinning partials for OT interface. It
can be expected that such variations in the type and density of pre-existing dislocations should
contribute to variations in the shock and spall responses of Cu/Ta multilayers.
Table 7.2: Pre-existing dislocation density (1017/m2) per interface for the Cu/Ta multilayers.
Interface
KS
NW
KS2
KS112-case1
KS112-case2
OT

7.2

Shockley
0.00
0.00
0.00
0.12
0.12
0.02

Stair-rod
0.00
0.00
0.00
0.00
0.00
0.00

Twin
0.00
0.00
0.00
0.00
0.00
0.03

Role of Interface Structure: 16 nm Interface Spacing
The spall behavior of Cu/Ta multilayers with different interfaces is first investigated for a

fixed interface spacing of 16 nm. This interface spacing is chosen since it has been shown to lead
to a very high spall strength in previous work [203]. An example Cu/Ta multilayer microstructure
with KS interfaces at an interface spacing of 16 nm is shown in Figure 7.2. The leftmost most layer
is always kept as Ta layer for all the systems, therefore the shock loading is always initiated from
the Ta layer, and propagates to the successive Cu and Ta layers. Starting from the leftmost Ta
layer, the consecutive Ta and Cu layers are labeled as the 1st Ta layer, 1st Cu layer, 2nd Ta layer,
2nd Cu layer, … etc.
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Figure 7.2: Example Cu/Ta multilayer microstructure with KS interfaces at an interface spacing
of 16 nm Starting from the leftmost Ta layer, the consecutive Ta and Cu layers are labeled as the
1st Ta layer, 1st Cu layer, 2nd Ta layer, 2nd Cu layer, … etc.
Firstly, the shockwave compression and propagation behavior are discussed in SI and SII.
SI corresponds to the loading of the compression wave in the system for a duration of 10 ps (shock
pulse duration), whereas SII corresponds to the release of the compression wave starting at 10 ps
and ends as the compression wave propagates towards the rear surface at a time of ~20 ps. Figure
7.3 shows the evolution of normal pressure component (Z pressure profile) at intermediate times
during SI and SII. The Z pressure profile are shown for times of 5 ps, 8 ps for SI, and 11 ps, 14 ps,
17 ps for SII. To show the variation in the Z pressure as the shockwave travels across multiple
Cu/Ta interfaces, the pressure profiles are shown as solid lines for the portion of the multilayers
belonging to Ta layers, and dashed lines for Cu layers. As shown in Figure 7.3, since the shock
loading is initiated from the Ta layer, the compressive Z pressure reaches ~95 GPa in the 1st Ta
layer for all the Cu/Ta multilayers at 5 ps (orange lines). A clear two-wave (elastic and plastic
waves) structures can be identified, with an elastic front leading the plastic wave. The transmitted
Z pressure is significantly reduced as the shockwave propagates from the 1st Ta layer to the 1st
Cu layer, due to the impedance mismatch of the Ta and Cu component layers (lower impedance
of Cu as compared to Ta) [101, 204]. Subsequently, as the elastic front propagates from the Cu
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layers to the 2nd Ta layer at 8 ps (blue lines) and the 3rd Ta layer at 14 ps (purple lines), the
resulting Z pressure is slightly increased. As a result, the pressure profiles show significant
discontinuity between the solid lines representing Ta layers and dashed lines representing Cu
layers, which is typical for multilayer microstructures [204]. The Z pressure of the elastic front in
Cu layers continuously decreases as it propagates from the 1st Cu layer at 5 ps (orange lines), to
the 2nd Cu layer at 11 ps (green lines), and the 3rd Cu layer at 17 ps (pink lines), as indicated by
the dashed black lines. At these times, substantial oscillation in the Z pressure profile at the elastic
front can be observed, which could be attributed to the interaction of the elastic front with the
Cu/Ta interfaces, similar to that observed in bi-crystal Cu with incoherent twin boundaries [55].
At 17 ps, right before the shockwave reaches the rear surface, the approximate locations of the
elastic front, HEL and plastic front are marked by arrows in the figures. The resulting Z pressure
of elastic front (HEL values) at 17 ps is ~40 GPa for all the flat interfaces (KS, NW, KS2), ~25
GPa for both KS112 interfaces (KS112-case1, KS112-case2), and ~40 GPa for OT interface. These
values compare well with the calculated HEL values calculated from the rear surface profile, as
listed in Table 7.3. Therefore, the wave attenuation and elastic precursor decay is highly dependent
on the interface type.
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(a)

(b)

(c)

(d)

(e)

(f)

Figure 7.3: Shock wave profiles at intermediate times during SI and SII for Cu/Ta multilayers at
an interface spacing of 16 nm: (a) KS, (b) NW, (c) KS2, (d) KS112-case1, (e) KS112-case2, (f)
OT. The pressure profiles are shown as solid lines for the portion of the multilayers belonging to
Ta layers, and dashed lines for Cu layers. The dashed black lines show the decay of the elastic
precursor as the elastic front propagates to the 1st Cu layer (~5 ps), 2nd Cu layer (~11 ps), and 3rd
Cu layer (~17 ps), and the approximate locations of the elastic front, HEL and plastic front are
marked by arrows at a time of 17 ps as the shockwave is about to reach the rear surface.
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Table 7.3: Values of HEL (GPa) calculated from rear surface profile, density of Stair-rod partial
and twinning partial (1017/m2) at the spall plane, as well as peak compressive pressure (Pmax) and
spall strength in Cu layers (σspall, GPa) for the Cu/Ta multilayers at an interface spacing of 16 nm.
For comparison, the values are also listed for SC-Cu along [111], [112] and [110] direction.
Interface
KS
NW
KS2
KS112-case1
KS112-case2
OT
SC-Cu [111]
SC-Cu [112]
SC-Cu [110]

HEL
42.59
45.70
44.55
28.50
32.47
44.85
36.85
27.08
39.16

Stair-rod
0.16
0.18
0.17
0.18
0.17
0.03
0.12
0.32
0.05

Twin
0.29
0.31
0.27
0.62
0.54
0.20
0.27
1.30
0.57

Pmax
70.69
70.59
70.30
71.43
71.82
69.55
44.70
55.92
63.90

σspall
10.73
10.73
10.71
10.86
10.71
11.01
10.86
11.02
10.94
11.01
10.06
11.02
10.76
10.74
10.94
10.06

Figure 7.4 shows the snapshots of the Cu/Ta multilayers and the corresponding
10.76 defect
microstructures at the end of SI (10 ps). For the defect microstructures, only atoms corresponding
10.74
to defects (Cu twin faults, Cu twinning partials, and Ta twin faults) and damage (Cu surfaces and
Ta surfaces) are shown. For all the flat interfaces, stacking/twin faults are nucleated along 3
primary slip planes in the microstructure: P1- (111) , P2- (111) , P3- (111) , although a few
stacking/twin faults are also observed along secondary slip plane S1-(111).
Figure 7.5(a) shows these activated slip planes for the KS interface, wherein only atoms
corresponding to the slip planes in Cu layers (Cu stacking/twin faults) and damage (Cu surfaces
and Ta surfaces) are shown. In Cu layers atoms are colored based on the slip planes they
correspond to. The above 3 primary slip planes lie at an angle of ~70.53° with respect to the
interface, with identical Schmid factors of 0.31. These are the same slip planes observed in SC-Cu
along [111] direction. Therefore, although the presence of flat interfaces provides preferential slip
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nucleation sites near the interface, the overall deformation behavior in the Cu layer interior is not
significantly modified.

(a) KS

(b) NW

(c) KS2

(d) KS112-case1

(e) KS112-case2

(f) OT

Figure 7.4: Snapshots of Cu/Ta multilayers at an interface spacing of 16 nm at the end of SI (10
ps): (a) KS, (b) NW, (c) KS2, (d) KS112-case1, (e) KS112-case2, (f) OT. Top panels show the
entire microstructure, and bottom panels show the distribution of defects (Cu twin faults, Cu
twinning partials, and Ta twin faults) and damage (Cu surfaces and Ta surfaces). Atoms are colored
in the following way: Cu FCC stacking (green), Cu stacking faults (red), Cu twin faults (yellow),
Cu twinning partials (light blue), Cu surface (orange), Ta BCC stacking (purple), Ta twin faults
(cyan), Ta surface (silver) and disordered Cu/Ta atoms (blue).
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In comparison, the deformation behavior of Cu/Ta multilayers with KS112 interfaces is
very different from the above flat interfaces. As shown in Figure 7.5(b), for KS112 interfaces
primary P1-(111) and P1-(111) slip planes are activated in the Cu layer interior, with a maximum
Schmid factor of 0.39. The activation of secondary S1-(111) slip plane with a lower Schmid factor
of 0.31 is also observed, and distributed mostly near the Cu/Ta interface. Zhang et al. also observed
the activation of such secondary slip planes in Cu/Nb multilayers with KS112 interface under
shock compression, and argued that such dissociation is more favorable than the nucleation of new
Shockley partials from the interface, despite its lower Schmid factor [104].

(a)

(b)

(c)
Figure 7.5: Snapshots showing the activated slip planes in Cu/Ta multilayers at an interface
spacing of 16 nm at 20 ps: (a) KS, (b) KS112-case1, (c) OT. Only atoms corresponding to the slip
planes (stacking/twin faults) are shown and surfaces are shown. Atoms are colored based on the
slip planes they correspond to: yellow corresponds to (111), green corresponds to (111), cyan
corresponds to (111), and purple corresponds to (111). Surface atoms are colored orange for Cu
and silver for Ta. Atoms corresponding to Cu/Ta interfaces are shown as light green.
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In addition, the pre-existing stacking faults are observed to extend from the interface to the
Cu layer interior, triggering another secondary S3-(111) slip plane with a Schmid factor of 0. As
shown in Figure 7.5(c), such extension of pre-existing stacking faults is also observed for the OT
interfaces, along with 2 primary slip planes: P1-(111) and P1-(111). The above slip planes are
listed in Table 7.4. Therefore, the presence of faceted interfaces leads to the activation of a rich
combination of primary and secondary slip planes, along with the extension/growth of pre-existing
dislocations at the interface.
Table 7.4: Activated slip planes and the corresponding Schmid factors in Cu layers for the Cu/Ta
multilayers at an interface spacing of 16 nm. Primary slip planes are labeled P1, P2, P3, etc, and
secondary slip planes are labeled S1, S2, etc.
Interface

P1, m

P2, m

P3, m

S1, m

S2, m

KS

(111), 0.31

(111), 0.31

(111), 0.31

(111), 0

N/A

NW

(111), 0.31

(111), 0.31

(111), 0.31

(111), 0

N/A

KS2

(111), 0.31

(111), 0.31

(111), 0

N/A

KS112-case1

(111), 0.39

(111), 0.39

(111), 0.31
N/A

(111), 0.31

(111), 0

KS112-case2

(111), 0.39

(111), 0.39

N/A

(111), 0.31

(111), 0

OT

(111), 0.47

(111), 0.47

N/A

(111), 0

(111), 0

At the end of SII, the shockwave propagates to the rear surface and is reflected back. At
SIII, the refracted wave propagates back, interacts with the tail of the incoming shockwave and
generates a tensile pressure in the microstructure. As the tensile pressure accumulates, voids start
to nucleate in the microstructure in local regions with high stress concentration. Further growth
and coalescence of these voids in SIV leads to the complete failure of the microstructure. Figure
7.6 shows the snapshots of the Cu/Ta multilayers and the corresponding defect microstructures at
a time corresponding to peak tensile pressure (~30 ps). Due to the stress relaxation in the
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microstructure, a significant amount of stacking faults and twin faults in Cu layers, as well as twin
faults in Ta layers that are nucleated during SI and SII (Figure 7.4) are annihilated already.

(a) KS

(b) NW

(c) KS2

(d) KS112-case1

(e) KS112-case2

(f) OT

Figure 7.6:

Snapshots of Cu/Ta multilayers at an interface spacing of 16 nm at a time

corresponding to peak tensile pressure (~30 ps): (a) KS, (b) NW, (c) KS2, (d) KS112-case1, (e)
KS112-case2, (f) OT. Top panels show the entire microstructure, and bottom panels show the
distribution of defects (Cu twin faults, Cu twinning partials, and Ta twin faults) and damage (Cu
surfaces and Ta surfaces). Atoms are colored as described in Figure 7.4.
For all the Cu/Ta multilayers, spall failure occurs at the Cu/Ta interfaces as well as in the interior
of the 2nd Cu layer. The voids in the Cu layer interior result from the multiple slip systems that
intersect one another, whereas the voids at the Cu/Ta interfaces result from the weak nature of the
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interface. However, no voids are observed in the Ta layer, suggesting that Ta layers are much
stronger.
Table 7.3 lists the peak compressive pressure experienced by the Cu layers, and the peak
tensile pressure in Cu layers that is defined as the spall strength. The values are also listed for SCCu and SC-Ta for comparison. The spall strength of SC-Ta is ~20 GPa, which is 2 times that of
SC-Cu. As a result, during spallation voids are nucleated at the Cu/Ta interfaces and the Cu layer
interior first, and the growth and coalescence of these voids lead to stress relaxation, preventing
the microstructure from attaining a tensile stress high enough to nucleate voids in the Ta layers.
Therefore, despite the differences in the interface type/structure and the associated deformation
behavior, the resulting damage (voids) distribution and failure behavior are very similar for all
Cu/Ta multilayers. The spall strengths for the flat interfaces are found to be ~0.6 GPa higher than
that of SC-Cu along [111] direction. Under the same impact velocity, this increased spall strengths
of Cu/Ta multilayers arise from the increased shock pressure, namely, higher compressive pressure
achieved in the microstructure (~70 GPa) than that of SC-Cu (~45 GPa) due to the presence of
Cu/Ta interfaces. As compared to the flat interfaces, the spall strengths for the faceted interfaces
are slightly higher. However, the increase in the spall strengths as compared to the SC-Cu in the
corresponding direction ([112] for KS112 interfaces, and [001] for OT interface) is only ~0.2 GPa.
Therefore, under the same impact velocity, Cu/Ta multilayers could achieve higher spall strengths
than SC-Cu, and such strengthening effects is more significant for flat interfaces as compared to
faceted interfaces. This could be attributed to the less significant increase in the peak compressive
pressure experienced by the Cu layers (Pmax) for faceted interfaces.
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(a) Cu layer – Shockley

(b) Cu layer – Stair-rod

(c) Cu layer – Twinning

(d) SC-Cu – Shockley

(e) SC-Cu – Stair-rod

(f) SC-Cu – Twinning

Figure 7.7: Evolution of overall density of dislocations (Shockley partials, Stair-rod partials,
twinning partials) in Cu layers for Cu/Ta multilayers at an interface spacing of 16 nm (left panels)
as compared to SC-Cu (right panels): (a) Cu layer – Shockley partial, (b) Cu layer - Stair-rod
partial, (c) Cu layer - twinning partial, (d) SC-Cu – Shockley partial, (e) SC-Cu - Stair-rod partial,
(f) SC-Cu - twinning partial.
To understand the differences in the observed strengthening effects, evolution of the
densities of various types of dislocations in Cu layers (Shockley partials, Stair-rod partials, and
twinning partials) are characterized and plotted in Figure 7.7. During SI and SII, the densities of
these dislocations increase rapidly as the shockwave propagates in the Cu layers, and then decrease
slightly when it reaches the Cu/Ta interface which partially absorbs the incoming dislocations. The
dislocation densities reach peak values towards the end of SII as the shockwave reaches the rear
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surface, and then starts to decrease during SIII and SIV. Despite the differences in the initial
dislocation densities, the densities of Shockley partials and twinning partials are similar for all the
interfaces. However, the densities of Stair-rod partials are much lower for the faceted interfaces as
compared to the flat ones, which could contribute to the higher spall strengths for the faceted
interfaces since Stair-rod partials are believed to provide nucleation sites for voids during
spallation [205]. A comparison of the density of Stair-rod partials and twinning partials at the spall
plane (the region where voids nucleate) at the time corresponding of peak tensile pressure in Cu
layers is shown in Table 7.3. As compared to SC-Cu in the corresponding direction, the flat
interfaces render similar densities of twinning partials at the spall plane, whereas the faceted ones
render much lower values, which could explain the less significant strengthening effects of the
faceted interfaces as observed.
Figure 7.8 shows the evolution of densities of dislocations with Burgers vector of 1/2
<111> and twin volume fraction in Ta layers, as compared to the SC-Ta. It can be seen from Figure
7.8(a) and 7.8(c) that, the OT interface shows a much lower dislocation density and much higher
twin volume fraction than all the other interfaces. This suggests that in Cu/Ta multilayers, the
deformation behavior is twinning dominated for OT interface and dislocation slip dominated for
all other interfaces. As shown in Figure 7.8(b) and 7.8(d), this trend is in line with SC-Ta: [001]
direction that corresponds to OT interface shows deformation twinning dominated behavior,
whereas [110] and [112] direction that correspond to the other interfaces show dislocation slip
dominated behavior. However, as compared to SC-Ta, the evolution of dislocation density and
twin volume fraction in Ta layers for Cu/Ta multilayers shows significant differences.
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(a) Ta layer – 1/2 <111>

(b) Ta layer – twin volume fraction

(c) SC-Ta – 1/2 <111>

(d) SC-Ta – twin volume fraction

Figure 7.8: Evolution of overall density of dislocations (with Burgers vector 1/2 <111>) and twin
volume fraction in Ta layers for Cu/Ta multilayers at an interface spacing of 16 nm (left panels)
as compared to SC-Ta (right panels): (a) Ta layer – 1/2 <111>, (b) Ta layer – twin volume fraction,
(c) SC-Ta – 1/2 <111>, (d) SC-Ta – twin volume fraction.
A significant decrease in the dislocation density is observed for Cu/Ta multilayers (Figure
7.8(a) and 7.8(b)), suggesting that dislocation nucleation is suppressed in Ta layers. The evolution
of twin volume fraction for the flat interfaces is similar to that observed in SC-Ta along [110]
direction, whereas for the faceted interfaces the twin volume fraction is higher than that observed
in SC-Ta along [112] and [001] direction (Figure 7.8(c) and 7.8(d)). Moreover, in SC-Ta along
[001] direction, most of the twins nucleated in SI and SII annihilate at SIII and SIV, due to
relaxation of the shear stress. Such de-twinning has been reported for Ta [126] and is believed to
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be responsible for the lack of twinning observed in shock-recovered microstructures in previous
investigations [127]. However, this is not the case for the Cu/Ta multilayers with OT interface,
where most of the twins are retained. This suggests that the OT interface can significantly suppress
the de-twinning in Ta layers. The twin volume fraction in Ta layers at the time corresponding to
maximum tensile pressure, as tabulated in Table 7.5, is much higher for OT interface (~0.10) as
compared to SC-Ta along [001] direction (~0.01). The above results reveal that in Cu/Ta
multilayers the presence of Cu/Ta interfaces, especially that of faceted ones, significantly affects
the overall deformation behavior in both Cu and Ta layers.
Table 7.5: Values of density of dislocations with Burgers vector 1/2 <111> (1017/m2) and twin
volume fraction (ftwin) in Ta layers for the Cu/Ta multilayers at an interface spacing of 16 nm. For
comparison, the values are also listed for SC-Ta along [110], [112] and [001] direction.
Interface
KS
NW
KS2
KS112-case1
KS112-case2
OT
SC-Ta [110]
SC-Ta [112]
SC-Ta [001]

7.3

1/2 <111>
1.29
1.30
1.29
1.33
1.23
0.24
0.83
0.94
0.16

ftwin
0.013
0.007
0.009
0.006
0.005
0.097
0.012
0.001
0.012

Effects of Interface Spacing
Furthermore, the effects of interface spacing on the spall behavior are investigated by

considering Cu/Ta multilayers with a range of interface spacings: 47 nm, 23 nm, 16 nm, 6 nm. To
understand how interface spacing affects the deformation behavior of Cu/Ta multilayers, Figure
7.9 shows the snapshots of the Cu/Ta multilayers and the corresponding defect microstructures at

160

20 ps, using KS112-case1 interface as an example. At an interface spacing greater than 6 nm
(Figure 7.9(a) – 7.9(c)), the activated slip planes in the Cu layer interior comprise mostly of
primary P1-(111) and P2-(111) slip plane, whereas the activated slip planes near the Cu/Ta
interfaces comprise mostly of secondary S1-(111) and S2-(111) slip plane. However, as the
interface spacing is decreased to 6 nm (Figure 7.9(d)), the activated slip planes are mostly
secondary S1-(111) and S3-(111) slip plane near the Cu/Ta interfaces. At such small interface
spacing, the stacking/twin faults nucleated from Cu/Ta interfaces propagate across the entire Cu
layer, suppressing homogeneous dislocation nucleation and propagation in the Cu layer interior.

(a)

(b)

(c)

(d)

Figure 7.9: Snapshots showing the activated slip planes in Cu/Ta multilayers with KS112-case1
interface at 20 ps: (a) 47 nm, (b) 23 nm, (c) 16 nm, (d) 6 nm. Only atoms corresponding to the slip
planes in Cu layers (Cu stacking/twin faults) and damage (Cu surfaces and Ta surfaces) are shown.
Atoms are colored as described in Figure 7.5.
The above results suggest that, as the interface spacing decreases, a transition from
homogeneous to interface-dominated heterogenous deformation mode occurs at an interface
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spacing of 6 nm. Such transition is primarily driven by the variation in interface spacing and is
observed to occur for all Cu/Ta multilayers systems, regardless of the interface type.

(a) 47 nm

(b) 23 nm

(c) 16 nm

(d) 6 nm

Figure 7.10: Cu/Ta multilayers with NW interface at a time corresponding to peak tensile pressure
(~30 ps): (a) 47 nm, (b) 23 nm, (c) 16 nm, (d) 6 nm. Top panels show the entire microstructure,
and bottom panels show the distribution of defects (Cu twin faults, Cu twinning partials, and Ta
twin faults) and damage (Cu surfaces and Ta surfaces). Atoms are colored as described in Figure
7.4.
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The effects of interface spacing on void nucleation and spallation behavior of the Cu/Ta
multilayers are further examined. To illustrate the effects for flat interfaces, Figure 7.10 shows the
snapshots of the Cu/Ta multilayers with NW interface and the corresponding defect
microstructures at a time corresponding to peak tensile pressure (~30 ps). As shown in Figure
7.10(a) – 7.10(c), at an interface spacing greater than 6 nm, due to the presence of both
homogenous and heterogeneous dislocation activity, void nucleation is observed both at the Cu
layer interior and the Cu/Ta interfaces. However, as interface spacing is decreased to 6 nm, as
shown in Figure 7.10(d), the dominant deformation mode transitions to heterogeneous dislocation
nucleation from the Cu/Ta interfaces, and void nucleation is restricted at the interface.
Another noticeable change is the decrease in twin volume fraction in the Ta layers as the
interface spacing is decreased. To reveal the above trends more clearly, Figure 7.11 shows the
evolution of the densities of Shockley partials, Stair-rod partials, and twinning partials in Cu layers,
as well as twin volume fraction in Ta layers for various interface spacing. As interface spacing is
decreased, more local dips are observed in the plots, due to the presence of a greater number of
Cu/Ta interfaces in the multilayer microstructure. The plots do not suggest a significant change in
the overall density of these dislocations in Cu layers with interface spacing, as shown in Figure
7.11(a) – 7.11(c). However, as can be seen in Table 7.6, at the time corresponding to peak tensile
pressure, the local densities of these dislocations at the spall plane show a substantial decrease
with the decrease of interface spacing. At an interface spacing greater than 6 nm, the densities of
Shockley partials and twinning partials are higher than that of SC-Cu along [111] direction,
resulting in higher spall strengths than SC-Cu. However, as the interface spacing is decreased to 6
nm, the densities of these dislocations decrease to a level similar to that of SC-Cu, resulting in
spall strength values similar to SC-Cu.
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(a) Cu layer – Shockley partial

(b) Cu layer – Stairrod partial

(c) Cu layer – twinning partial

(d) Ta layer – twin volume fraction

Figure 7.11: Evolution of overall density of dislocations in Cu layers and twin volume fraction
in Ta layers for Cu/Ta multilayers with NW interface: (a) Cu layer - Shockley, (b) Cu layer - Stairrod, (c) Cu layer - twinning partial, (d) Ta layer – twin volume fraction.
Moreover, as shown in Figure 7.11(d), the twin volume fraction in Ta layers also decreases with
the decrease in interface spacing, suggesting that the presence of NW interfaces reduces the
twinning propensity in Ta layers. However, due to the relatively small volume fraction, especially
towards the end of SIII during spallation, twins in Ta layers are not expected to have a significant
impact on the spall behavior and the resulting spall strengths of Cu/Ta multilayers.

164

(a) 47 nm

(b) 23 nm

(c) 16 nm

(d) 6 nm

Figure 7.12: Snapshots of Cu/Ta multilayers with KS112-case1 interface at a time corresponding
to peak tensile pressure (~30 ps): (a) 47 nm, (cb) 23 nm, (c) 16 nm, (d) 6 nm. Atoms are colored
as described in Figure 7.4.
The above trend observed for NW interface is representative of all the flat interfaces.
Therefore, for Cu/Ta multilayers with flat interfaces, smaller interface spacing reduces the
capability of the Cu/Ta multilayers to nucleate Shockley partials and twinning partials and results
in interface-dominated failure mode, thus rendering lowered spall strengths.
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Figure 7.12 shows the snapshots of the Cu/Ta multilayers with KS112-case1 interface that
is representative of KS112 interfaces, and Figure 7.13 shows the evolution of dislocation densities
in Cu layers and twin volume fraction in Ta layers. A transition in the failure mode from the Cu
layer interior to Cu/Ta interface is observed as the interface spacing decreases to 6 nm, similar to
that observed for the flat interfaces.
The variation in the dislocation density and twin volume fraction with interface spacing is
quite different. As interface spacing is decreased to 6 nm, a significant decrease in the amounts of
twin faults in Cu layers is observed, as can also be seen from the significantly reduced densities of
twinning partials in Figure 7.13(c). The local densities of twinning partials at the spall plane is
much lower, as shown in Table 7.6, which could contribute to the lower spall strength values at
this interface spacing. In addition, due to the suppression of homogeneous dislocation nucleation,
the densities of dislocations in Cu layers increases much slower during SI and SII (Figure 7.13(a)
– 7.13(c)). On the contrary, the amount of twin in the Ta layers increases as the interface spacing
is decreased. Interestingly, at an interface spacing of 6 nm, the twins nucleated in SI and SII do
not annihilate during stress relaxation in SIII and SIV (Figure 7.13(d)), resulting in a much higher
twin volume fraction in Ta layers as compared to the other interface spacing and SC-Ta along
[112] direction. The increased twin volume fraction at this interface spacing could provide more
void nucleation sites at the twin-interface intersections, which could also contribute to a lower
spall strength.
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Table 7.6: Density of Shockley, Stair-rod, and twinning partial (1017/m2) at the spall plane in Cu
layers, density of dislocations with Burgers vector 1/2 <111> and twin volume fraction (ftwin) in
Ta layers, as well as peak compressive pressure (Pmax) and spall strength (σspall) in Cu layers for
the Cu/Ta multilayers with different interface spacing (λ). The values are taken at a time
corresponding to peak tensile pressure in Cu layers (~30 ps).
Dislocation
Interface λ (nm)
Interface47
23
KS
16
6
47
23
NW
16
6
47
23
KS2
16
6
47
23
KS11216
case1
6
47
23
KS11216
case 2
6
47
23
OT
16
6
SC-Cu
SC-Cu
Single[111]
SC-Cu
crystal
[112]
SC-Ta
(SC)
[110]
SC-Ta
[110]
SC-Ta
[112]

Cu Layers
Shockley Stair-rod Twin
1.07
0.20
0.43
1.12
0.14
0.31
0.79
0.16
0.29
0.53
0.09
0.20
1.06
0.19
0.40
1.12
0.14
0.30
0.86
0.18
0.31
0.77
0.14
0.26
1.09
0.19
0.38
1.17
0.17
0.31
0.78
0.17
0.27
0.82
0.19
0.34
1.28
0.26
0.89
1.19
0.13
0.67
1.15
0.18
0.62
1.05
0.17
0.51
1.18
0.24
0.76
1.54
0.18
0.90
1.11
0.17
0.55
1.05
0.25
0.46
0.44
0.03
0.28
0.58
0.03
0.29
0.41
0.03
0.18
0.52
0.03
0.24
0.69
0.12
0.27
1.28
0.32
1.30
0.90
0.05
0.57
N/A
N/A
N/A
N/A
N/A
N/A
N/A
N/A
N/A

Ta Layers
1/2<111>
ftwin
1.34
0.019
1.12
0.016
1.29
0.013
1.00
0.001
1.33
0.020
1.15
0.014
1.30
0.007
1.04
0.002
1.39
0.020
1.12
0.010
1.29
0.009
1.10
0.001
1.64
0.006
1.13
0.004
1.33
0.006
0.85
0.049
1.66
0.006
1.15
0.003
1.23
0.005
0.85
0.056
0.41
0.055
0.30
0.030
0.24
0.097
0.21
0.135
N/A
N/A
N/A
N/A
N/A
N/A
0.83
0.012
0.94
0.001
0.16
0.012

Pmax
(GPa)
63.18
72.52
70.69
68.01
63.27
71.70
70.59
67.17
63.28
71.32
70.30
67.69
62.63
73.25
71.43
67.55
62.47
73.33
71.82
67.93
61.92
70.93
69.55
65.13
44.70
55.92
63.90
78.53
80.50
83.90

*Spall is also [001]
observed in Ta layer for this system, with a spall strength of 19.21 GPa.
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σspall
(GPa)
10.80
10.70
10.73
10.14
10.72
10.68
10.71
10.04
10.64
10.58
10.86
9.51
10.62
10.98
11.01
10.40
10.58
10.95
11.02
10.27
10.75
10.95*
10.94
10.72
10.06
10.76
10.74
19.48
19.88
22.75

(a) Cu layer – Shockley partial

(b) Cu layer – Stairrod partial

(c) Cu layer – twinning partial

(d) Ta layer – twin volume fraction

Figure 7.13: Evolution of overall density of dislocations in Cu layers and twin volume fraction
in Ta layers for Cu/Ta multilayers with KS112-case1 interface: (a) Cu layer - Shockley, (b) Cu
layer - Stair-rod, (c) Cu layer - twinning partial, (d) Ta layer – twin volume fraction.
Figure 7.14 shows the snapshots of the Cu/Ta multilayers with OT interface, and Figure
7.15 shows the evolution of dislocation densities in Cu layers and twin volume fraction in Ta
layers. The dislocation densities in Cu layers do not vary significantly in Cu layers, similar to that
observed for the flat interfaces. The local densities of dislocations at the spall plane, as listed in
Table 7.6, also do not show significant variation with interface spacing.
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(a) 47 nm

(b) 23 nm

(c) 16 nm

(d) 6 nm

Figure 7.14: Snapshots of Cu/Ta multilayers with OT interface at a time corresponding to peak
tensile pressure (~30 ps): (a) 47 nm, (b) 23 nm, (b) 16 nm, (d) 6 nm. Atoms are colored as described
in Figure 7.4.
However, the variation of twin volume fraction in Ta layers shows similar trend as KS112
interfaces. Although the volume fraction of twins nucleated in SI and SII is similar to SC-Ta along
[001] direction and does not vary a lot with interface spacing, the annihilation of these twins is
significantly repressed at smaller interface spacing. This is especially the case as the interface
spacing is reduced to 6 nm, where the twin volume fraction stays nearly constant in SIII and SIV.
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Therefore, for Cu/Ta multilayers with OT interface, since the dislocation densities in Cu
layers vary little with interface spacing, the substantially higher twin volume fraction in Ta layers
could contribute to the lower spall strength observed at an interface spacing of 6 nm, similar to
that observed in KS112 interfaces. Interestingly, as compared to the other interfaces where
spallation occurs at the Cu side of Cu/Ta interface and Cu layer interior, for OT interface at an
interface spacing of 23 nm spallation occurs in Ta layer interior as well (Figure 7.14(c), 7.14(d)).
The spallation in Ta layer observed for OT interface is due to the significant twinning in Ta layers
that provides preferential void nucleation sites. Moreover, the spall strength achieved in the Ta
layer is 19.21 GPa in this case, which is much lower than the value of 22.75 GPa observed for SCTa along [001] direction, due to the significant twinning in Ta layers.
Therefore, the above results suggest that interface spacing plays an important role in the
dislocation nucleation and propagation, as well as void nucleation and spall behavior of the Cu/Ta
multilayers. In particular, damage (voids) nucleation and spall failure are observed to occur not
only at the Cu/Ta interface, but also in the weaker Cu layer interior, or even in the much stronger
Ta layer interior, depending on the interface spacing and structure. Such behavior contradicts the
general belief of preferential void nucleation at the bi-metal interfaces for multilayer
microstructures under shock loading conditions [98, 100, 193]. In addition, for the range of
interface spacing considered, similar deformation and spall behavior are observed among all the
flat interfaces, as well as among KS112 interfaces that share the same loading orientation but
different local interface structure. This suggests that minor variations in the local interface
structure do not significantly alter the spall behavior of the Cu/Ta multilayers. Rather, it is the
loading orientation that plays a major role, as indicated from the distinct behavior from the flat
interfaces, KS112 interfaces and OT interface.
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(a) Cu layer – Shockley partial

(b) Cu layer – Stairrod partial

(c) Cu layer – twinning partial

(d) Ta layer – twin volume fraction

Figure 7.15: Evolution of overall density of dislocations in Cu layers and twin volume fraction
in Ta layers for Cu/Ta multilayers with OT interface: (a) Cu layer - Shockley, (b) Cu layer - Stairrod, (c) Cu layer - twinning partial, (d) Ta layer – twin volume fraction.

7.4

Strengthening and Weakening Mechanisms
The variation of spall strengths of the Cu/Ta multilayers with interface spacing is plotted

in Figure 7.16, with Figure 7.16(a) showing the results for flat interfaces, and Figure 7.16(b)
showing the results for faceted interface. As shown in Figure 7.16(a) for the flat interfaces, at an
interface spacing greater than 6 nm, the spall strengths of Cu/Ta multilayers are higher than that
of SC-Cu and vary little with interface spacing. Such strengthening effects arise from the higher
shock pressure experienced by the multilayer microstructure as compared to SC-Cu under the same
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impact velocity. The shock pressures are similar for all interface spacings, and so is the resulting
spall strengths. As interface spacing is decreased to 6 nm, due to the interface-dominated failure
mode and the weak nature of the Cu/Ta interface, the spall strengths of Cu/Ta multilayers are
similar to or lower than that of SC-Cu. The faceted interfaces show a different variation.

(a)

(b)

Figure 7.16: Variation of the spall strength with interface spacing: (a) flat interfaces, and (b)
faceted interfaces. The values of SC-Cu along [111], [112], and [110] direction are also marked in
the plots for comparison. Since the spall strengths along [112] and [110] direction are very close
(10.76 GPa, and 10.74 GPa, respectively), the average value is shown in (b) as the spall strength
of [112] and [110] direction.
As shown in Figure 7.16(b), the spall strengths of Cu/Ta multilayers are similar or lower than that
of SC-Cu at an interface spacing of 47 nm and 6 nm, and higher at the intermediate interface
spacing of 23 nm and 16 nm. Although similar arguments used for the flat interfaces could be
applied here to account for the strengthening and weakening effects observed at an interface
spacing less than 47 nm, the weakening effects at 47 nm is likely related to the less significant
increase in shock pressure for the faceted interfaces. In addition, for flat interfaces, the
strengthening effects arise also from the higher twin density in the Cu layers. As a result, the
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strengthening is more significant (~0.6 GPa) for flat interfaces as compared to faceted interfaces
(~0.2 GPa). It can also be seen that the optimal interface spacing that renders the highest spall
strength values is located at either 16 nm or 23 nm for nearly all the interfaces.

Figure 7.17: Variation of the spall strength with interface energy for various interfaces.
In previous work on Cu/Ta multilayers with KS interface, a strong linear correlation was
established between the spall strengths and the densities of defects such as Shockley partials, Stairrod partials and twinning partials at the spall plane. Therefore, the capability of the Cu/Ta
multilayer microstructure with KS interface to plastically deform is a determining factor of its spall
strength [203]. However, such correlation is not observed for other interfaces. It is also interesting
to investigate whether there exists any correlation between the spall strengths of the Cu/Ta
multilayer microstructures and static properties such as interface energy. Figure 7.17 shows the
variation of spall strength with interface energy. At an interface spacing of 6 nm, there is a
correlation between spall strength and interface energy, wherein high-energy faceted interfaces
show higher spall strengths as compared to low-energy flat interfaces. Therefore, the spall strength
of the Cu/Ta multilayers is highly dependent upon the type and energy of the interface at such
interface spacing, wherein interface-dominated spall failure is observed. However, at an interface
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spacing greater than 6 nm, the spall strengths of all the multilayer microstructures are very similar,
and do not show any discernible correlation. The insensitivity of spall strength to interface spacing
here is attributed to the bulk-dominated spall failure.

7.5

Conclusions
The role of interface type and spacing on the wave propagation, dislocation nucleation and

propagation, and void nucleation and spall behavior of the Cu/Ta multilayers is investigated with
MD simulations. The major findings of this chapter include:
1. Under shock loading condition, flat interfaces show similar deformation behavior as SC-Cu,
whereas faceted interfaces result in the activation of multiple secondary slip systems with low
Schmid factor.
2. The overall deformation mechanism transitions from homogeneous dislocation nucleation to
interface-assisted heterogeneous dislocation nucleation as the interface spacing is decreased to
6 nm. Accordingly, the resulting spall behavior transitions from bulk failure (void nucleation
and failure in the Cu layer interior) to interface failure (void nucleation and failure at the Cu/Ta
interface).
3. The presence of Cu/Ta interfaces affects the twinning propensity in Cu and Ta layers
differently as compared to SC-Cu and SC-Ta. Flat interfaces enhance twinning in Cu layers,
and does not significantly affect twinning in Ta layers that is negligible. Faceted interfaces
restrict twinning in Cu layers, yet represses de-twinning in Ta layers, resulting in significant
twinning in the multilayer microstructure at the time of failure.
4. It is the loading orientation, rather than the local interface structure, that plays a major role in
the overall deformation and failure behavior of the Cu/Ta multilayers. However, interface
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structure does contribute to significant variations in the resulting spall strengths of the Cu/Ta
multilayer microstructures at an interface spacing of 6 nm, when failure is restricted at the
interface.
5. There exists a correlation between spall strength and the interface energy at an interface
spacing of 6 nm where the spall failure is interface-dominated, but not at greater interface
spacings.
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CHAPTER EIGHT

SUMMARY
The aim of this dissertation is to investigate the role of grain boundaries and bi-metal
FCC/BCC interfaces on the deformation and failure behavior under shock loading conditions. Ta
bi-crystals, nanocrystalline Cu/Ta and Cu/Ta multilayer microstructures are used as model
systems. MD simulations are performed to understand how Ta grain boundaries and Cu/Ta
interfaces affect the shockwave propagation, dislocation nucleation and propagation, damage
(voids) nucleation and growth behavior, and how these modifications relate to the resulting spall
strengths of the microstructure. The effects of the distribution, size, and concentration of Cu/Ta
interfaces are investigated. The insights gained from this study provide rationale for the
distribution of grain boundaries and bi-metal interfaces that results in increased damage resistance
(spall strength).
Chapter 2 investigates the deformation and spall failure behavior of SC-Cu and SC-Ta
microstructures. For SC-Cu, the effects of loading orientation are investigated by considering SCCu along [110], [111], and [112] orientation. The spall strength of SC-Cu is critically determined
by its capability to nucleate twins: [112] and [110] directions show higher density of twins and
therefore higher spall strengths, whereas [111] direction shows lowest density of twins and
therefore lowest spall strength. SC-Ta is characterized by competing dislocation slip and
deformation twinning: [110] and [112] directions display dislocation-slip dominated plasticity, and
[001] direction displays twinning dominated plasticity. Among all the directions, [001] direction
renders the highest volume fraction of twins and the highest spall strength. In both SC-Cu and SC176

Ta, along [112] direction the spall failure is characterized by a greater number of smaller voids, as
compared to the other directions.
Chapter 3 investigates the role of GBs on the deformation behavior and spall strength of
Ta bi-crystals. The role of GB properties, GB plasticity and GB local structure are demonstrated.
The spall strengths, as represented by void nucleation stress, are highly dependent on the
misorientation angle: GBs with normal direction close to [110], [111] and [112] show much higher
spall strengths, and GBs with normal direction close to [001] show much lower spall strengths. No
direct correlation was found between GB average properties including GB energy, excess volume
and the spall strength. In addition, local GB structures can significantly alter the spall strength of
the bi-crystal. The results also suggest a transition of dominant deformation modes from screw
dislocation-based plasticity to deformation twinning, as the misorientation angle is increased. For
high-angle GBs, high volume fraction of twins provides preferential void nucleation sites and
results in lower spall strengths.
Chapter 4 investigates the role of Cu/Ta interfaces in nanocrystalline Cu/Ta systems with
Ta introduced as solute atoms. Effects of distribution and concentration of Ta is studied. The
presence of Ta solute reduces the capability to nucleate defects and obstructs dislocation
propagation in the nanocrystalline Cu microstructure. This results in defect-starved microstructure
with higher spall strength values. Cu/Ta interfaces also affects the mechanisms to nucleate voids,
and renders a greater number of smaller voids that are nucleated at the Cu side of the Cu/Ta
interfaces. The above effects are more pronounced for a random distribution of Ta than a GB
distribution, and therefore higher spall strength values are observed for random distribution. In
addition, the observed strengthening effects is more significant as the Cu matrix grain size is
increased.
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Chapter 5 investigates the role of Cu/Ta interfaces in nanocrystalline Cu/Ta systems with Ta
introduced as nano-clusters. The size and concentration of Ta clusters play a significant role in the
spall behavior of nanocrystalline Cu microstructure. A higher concentration of smaller Ta clusters
is more effective in limiting the capability of nanocrystalline Cu/Ta microstructures to plastically
deform and therefore renders higher spall strengths. The observed his strengthening effect is more
significant at a larger Cu grain size. The relative size of the Ta clusters to the Cu grain size plays
the dominant role in determining spall strengths in nanocrystalline Cu/Ta microstructures: the
smaller this relative size is, the greater the strengthening effects (hence the spall strength values).
Although Ta clusters and solid solution could strengthen the Cu microstructure by blocking
dislocation propagation, Ta grains provide planar Cu/Ta interfaces that are much more prone to
void nucleation, thus weakening the Cu microstructure.
Chapter 6 investigates the spall failure behavior of Cu/Ta multilayer microstructures with
KS interfaces. KS interfaces lead to substantial modification in dislocation nucleation and
propagation behavior in the multilayer. Interface spacing strongly affects the failure mode and
spall strength of KS multilayer microstructures. Both bulk and interface failure are observed at
large interface spacing, and the resulting spall strength values are higher than SC-Cu. However, at
smaller interface spacing, spall failure is restricted to the interface, resulting in lower spall strength
values than SC-Cu. A direct correlation is established between the spall strengths and the local
Shockley partial, twinning partial and Stair-rod densities. Therefore, the capability of the
multilayer microstructure to nucleate these defects critically determines the spall strength values.
Chapter 7 investigates the effects of interface structure and spacing on spall failure
behavior of the Cu/Ta multilayer microstructures. The presence of Cu/Ta interfaces restricts detwinning Ta layers, resulting in much higher fraction of twins in the microstructure during
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spallation. For all the six types of interfaces, the overall deformation mode transitions from
homogeneous dislocation nucleation to interface-assisted heterogeneous dislocation nucleation as
the interface spacing is decreased. Accordingly, the resulting spall behavior transitions from bulk
failure (void nucleation and failure in the Cu layer interior) to interface failure (void nucleation
and failure at the Cu/Ta interface). Interface structure significantly affects the resulting spall
strength values of the multilayer system only at small interface spacing.
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